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Tungsten is the material of choice for plasma-facing components in future plasma-
burning fusion reactors because of its high melting point, high sputter threshold, and low 
hydrogenic species retention. However, tungsten is an intrinsically brittle material, displaying no 
room temperature ductility and only exhibiting non-brittle failure at temperatures above 400 C. 
In addition to its limited ductility, tungsten’s high melting point and low recrystallization 
temperature pose complications during fabrication. Traditional synthesis routes tend to result in 
non-fully dense samples with coarse-grained microstructures. As a consequence, there is a desire 
for a fine-grained, fully-dense tungsten material that exhibits enhanced ductility.  
 Tungsten is embrittled by impurity oxygen atoms residing at grain boundaries. It is 
theorized that by microalloying tungsten with transition metal carbides that capture the oxygen 
atoms, the impurity distribution can be altered to beneficially impact the mechanical properties. 
Through the advent of advanced powder processing techniques such as Spark plasma sintering, 
dense, fine-grained tungsten samples can be developed with these microalloyed microstructures. 
Spark plasma sintering is a powder compaction technique that provides high pressure and 
heating rates, allowing for a lower final temperature and hold time for compaction. In SPS, a 
strong electrical current is fed through the powder and die to heat the powder. An applied 
uniaxial force combines to compress the powder to a solid compact, leading to fully dense 
materials at lower temperatures as compared to conventional sintering. 
 In this work, spark plasma sintering is employed to develop tungsten materials alloyed 
with tantalum carbide, titanium carbide, or zirconium carbide. Samples are fabricated with 
varying compositions of added carbides (from 0.5-10 wt.%), and the sintering process results in 
>90% dense samples with grains <10 µm in size. Compositional studies indicate the formation of 
iii 
 
tungsten carbide and transition-metal-oxide phases after sintering. As the amount of added 
second phase powder increased, the hardness increased and grain size decreased. Finally, 
samples alloyed with 1.0 wt.% zirconium carbide may be able to resist recrystallization.   
 Exposures to low fluence deuterium ion irradiation showed possible re-organization of 
the surface bonding, but limited surface structuring. Under high fluence helium and hydrogen 
irradiation, significant nanostructuring was observed in cracks and non-fully formed grains, an 
unexpected result given the temperature and fluence regimes studied, which may be attributed to 
slight surface chemistry changes. Finally, initial investigations indicate increased deuterium 
retention in alloyed samples as compared to pure tungsten. These results offer a first study of the 
behavior of various dispersion-strengthened tungsten alloys under ion irradiation that sufficiently 
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CHAPTER 1: INTRODUCTION 
 
1.1 Nuclear fusion 
Nuclear fusion devices offer a source of energy that limits carbon emissions and radioactive 
waste, two issues plaguing fossil fuel and traditional nuclear fission power plants, respectively. The 
world’s energy consumption and carbon-dioxide emissions are projected to increase. To meet our 
growing energy demands and reduce carbon emissions, alternative sources of energy, such as nuclear 
fission and fusion must be studied [1, 2]. Nuclear fission remains an important energy source, but many 
countries have begun to phase out their fission programs over safety concerns [1]. An ideal energy source 
offers economic and environmental incentives for production, has an abundant fuel supply, has a low risk 
of accident (i.e. considered “safe”), and is a competitive and predictable energy source [3]. Fusion is the 
energy source for stars in outer space, but when done in a laboratory, can provide immense amounts of 
energy.   
Nuclear fusion systems offer the prospect of MWs of energy production (ITER will generate 
1500 MW) [4] without the radioactive waste side-effects that hinder fission systems. Magnetic 
confinement fusion devices such as tokamaks generate very hot plasmas, capable of fusing together 
atomic nuclei such as deuterium and tritium, and release energy. In a standard DT reaction, fusing 
deuterium and tritium, a 3.5 MeV alpha particle is generated along with a 14.1 MeV neutron. Containing 
these plasmas with temperatures nearing 100 million degrees is a task that has eluded scientists for 
decades [2].  
The most successful confinement scheme to date is the tokamak, which uses a toroidal geometry 
and toroidal, poloidal, and vertical magnetic fields to confine charged particles. The typical cross-section 
of a tokamak is shown in Figure 1.1. 
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Figure 1.1: Tokamak device for toroidal confinement [5]. 
 
 
Figure 1.2: Field lines and particle trajectories in a tokamak [6]. 
 
 Ions and electrons travel in helical orbits around the device, limiting their escape to the walls and 
increasing their lifetime, as indicated in Figure 1.2. Successful confinement and energy production in a 
magnetic fusion device depends on the Lawson Criterion, which dictates that the triple product of the ion 
density n, ion temperature T, and energy confinement time τ must reach a threshold value to sustain a 
reaction [7]. Over the past 50 years, the product of nTτ, has continually increased towards the point of 
breakeven [8].  
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Figure 1.3: Lawson Criterion progress in various tokamak devices over the past 50 years [8]. 
 
The rapid increase in the triple product can be attributed to better control over impurity migration 
from the wall to the core plasma. Impurities are introduced into the plasma via interactions with the walls, 
and they can cause disruptions that hinder the fusion reactions and can cause device failure. Plasma 
material interactions (PMI) are linked to the ability to successfully generate a fusion device. Impurities 
from the walls of the device come from sputtering, arcing, evaporation, and desorption; additionally, 
reflection off the walls introduces fuel recycling [9, 10]. Impurities can enter the core plasma and 
dissipate a large amount of energy through raising the Zeff of the plasma and cool the plasma through 
Bremsstrahlung radiation, thus decreasing the Lawson Criterion [2, 10].  
Controlling impurities and fuel recycling is crucial to understanding PMI and advancing fusion 
energy. Various wall materials and surface conditioning techniques have been used to control the plasma 
surface interactions and limit the amount of impurities that penetrate the plasma. Carbon, beryllium, and 
tungsten have been used as first wall materials in tokamaks [4]. Low-Z materials like carbon and lithium 
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have been used in the past for their high tolerable impurity concentration. High-Z materials, like tungsten 
and molybdenum, have less erosion and higher melting points, but the fraction of tolerable impurities in 
the plasma is much lower [11, 12].  
 
1.2 Materials for fusion 
 
The choice of plasma-facing material in a fusion reactor can greatly impact the performance of 
the plasma. The two main regions for plasma-material interactions are in the divertor and along the first 
wall, as shown in Figure 1.4. In ITER, the divertor will be made of tungsten with a special grain 
orientation of longitudinal grains with a 6:1 aspect ratio, and the first wall will be beryllium (13).   
 
    
Figure 1.4 Basic plasma and field configurations in a tokamak with divertor configuration [2]. Inner and 
outer strike points are the left and right portions of the “Target plate.” 
 
The first wall is a source of neutral atoms and molecules that can be easily transported to the core 
[4]. Sputtering of the walls can be caused by neutrals or ions from the plasma.   
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The divertor in a tokamak is the region in which particles lost to the scrape-off layer are directed. 
As ions and electrons escape from the core, they diffuse to the plasma edge, where magnetic field lines 
direct these particles along the scrape-off-layer, the outer edge of the core plasma just at the separatrix in 
Figure 1.4, to a sacrificial region at the bottom of the tokamak, the divertor. Large heat and particle loads 
can be focused on the divertor strike points (referred to as “Target plate” in Figure 1.4) which can cause 
erosion of the divertor material. The divertor region can experience peak heat fluxes of 10-20 MWm-2, 
particle energies of 1-30 eV, particle fluxes of 1024 m2s-1, and temperatures above 1000 C [9, 14].  
Materials in the divertor region need to be resistant to damage by 14 MeV neutrons, operate at 
high temperatures, and maintain good thermomechanical properties [14]. The divertor also needs to 
minimize impurity injection into the plasma, which can cool the plasma through radiation losses [9]. The 
divertor can be eroded by sputtering (both self-sputtering and impurity-induced sputtering) and local 
melting (through unipolar arcs). Eroded material can migrate and form a redeposited layer, whose 
composition can differ from the nominal wall material. In the divertor, there is net erosion at the outer 
strike point, and net deposition at the inner strike point [15]. The divertor minimizes the overall plasma-
surface interaction to a small area away from the core of the plasma.  
Many fusion devices first used stainless steel as plasma-facing components (PFCs) [4]. However, 
graphite soon became the favored material, because it has a low atomic number and does not melt, both of 
which would limit impurity influx and radiation losses in the core. However, carbon is easily eroded via 
chemical sputtering, forming hydrocarbons which contaminate the plasma [16]. Also, carbon retains a 
significant amount of tritium [17], which offers a safety hazard for handling of materials and increases 
fueling costs [4, 18].    
Beryllium has also been used as a PFC, as it has a low atomic number (Z=4), is a good getter of 
oxygen impurities, and reduced T retention compared with carbon [17]. However, it has a lower melting 
point than carbon and more tritium retention than tungsten [13].  
The concerns regarding hydrogen isotope retention in carbon led to the exploration of high-Z 
materials for use as PFCs. Tungsten and molybdenum are two commonly studied materials, as they have 
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favorable thermomechanical properties and very high melting points. However, a high-Z material has a 
much lower tolerable impurity concentration in the plasma, so erosion must be minimized [11, 19]. This 
fraction of tolerable impurities is shown in Figure 1.5.  
 
The radiation of impurity atoms and molecules from the surface is a strong function of 
Z as discussed earlier.  Species other than the products and reactants of a D-T plasma, for 
example, is inevitable since the plasma will interact with surfaces such as the first wall or 
divertor plates in a tokamak configuration.  Therefore, impurity level limits are imposed for 
a variety of elements.  In fact, the radiation power function varies greatly among the 
elements as shown in figure 1.3.  The figure plots the fractional impurity level, which 
produces a radiation power equal to half of the alpha-heating power [4].  Levels of radiative 
power from impurities of this magnitude would make ignition impossible, ruling out practical 
fusion reactors [18]. 
 
 
Figure 1.3.  Fractional impurity level, which produces a radiation power equal to half of the alpha-
heating power [4]. 
 
Therefore, utilizing a low Z material or a low erosion rate high Z material is desired, 
especially low Z materials since for these materials a higher impurity level can be tolerated.  
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Figure 1.5: Tolerable fraction of impurities for various elements [11]. 
 
Tungsten and molybdenum have much higher sputter thresholds than carbon and do not undergo 
chemical sputtering. However, under low energy irradiation, refractory metals develop surface 
morphologies, which may be easily eroded and compromise plasma performance. More details about 
tungsten as a PFC will be discussed in a later section.  
 
1.3 Tungsten 
1.3.1 Tungsten properties 
Tungsten is a refractory metal with atomic number 74 and atomic mass of 183.8 amu. Three 
variations of tungsten exist, alpha, beta, and gamma, although only alpha tungsten is stable and is the only 
phase that will be studied. All further mentions to tungsten in this document are with regards to alpha-
tungsten. It has a body-centered-cubic crystal structure with the highest melting point of all elements, 
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3695 K. Due to its high melting point, tungsten is a material of interest in many extreme environments. 
The density of tungsten is among the highest of all metals, at ~19.3 g/cm3 [20].  
Overall, tungsten has a high strength and yield point, but has limited ductility and a high ductile-
to-brittle transition temperature (DBTT) of ~300-400 C. Tungsten acts in a brittle manner at room 
temperature when subjected to tensile stresses. Tungsten has a high yield strength and good creep 
resistance; however, tungsten undergoes rapid oxidation at 300-400 C [20, 21].  
The hardness of tungsten depends on its worked and fabrication conditions, but the average 
Vickers hardness value is ~400 GPa. However, recrystallized tungsten has a Vickers hardness value of 
~350 GPa, while worked tungsten can have hardness values of ~650 GPa [20]. Tungsten has been shown 
to follow the Hall-Petch relationship, with the hardness increasing as grain size decreases [22].  
Tungsten is an intrinsically brittle material, as fracture of tungsten usually occurs in an 
intergranular nature. The grain boundaries represent the weakest links due to segregation of impurities (H, 
C, O, N, etc.) to the grain boundaries. However, the grain size and texture effect the ductility (20). Figure 
1.6 below shows typical load-displacement curves for tungsten under tensile stress from 20 C to 1600 C.  
 
Figure 1.6 Typical load-displacement curves for tungsten tested at temperatures from 20-1600 C (curves 
1-5) [23]. Curve 1 represents the room temperature test, while curve 5 is the test at 1600 C showing a 
notable transition from brittle failure to significant plastic deformation before failure. 
 
 Under tensile stress, the typical failure mechanism of tungsten is intergranular failure [24]. As the 
test temperature is increased, tungsten can be shown to undergo transgranular failure, common in less-
brittle materials, as shown in the images below.  
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Figure. 1.7: Intergranular (left) and transgranular (right) fracture surfaces of tungsten [25].  
 
In addition to its intrinsic brittle nature, tungsten also undergoes increased embrittlement due to 
recrystallization and irradiation. Tungsten undergoes recrystallization around 1200 C, however the exact 
temperature of recrystallization depends on fabrication method, microstructure, and experimental 
parameters [21]. For example, C.M. Denissen et al found that a higher temperature ramp rate during 
recrystallization studies led to a higher recrystallization temperature [26]. Also, K Farrell found that 
annealing W at 1150 C for 1 hour did not result in recrystallization, but annealing at 1150 C for 43 hours 
led to widespread recrystallization [27]. The starting grain size also affects recrystallization, as 
nanocrystalline grains undergo recrystallization at lower temperatures than coarse-grained W [28]. 
Recrystallization embrittlement reduces the grain boundary strength as the concentration of impurities in 
the grain boundaries increases because the grain boundary density decreases. This increases the chance of 
intergranular fracture and raises the DBTT even more.   
However, if the microstructure can be controlled, such as reduction of grain size, the 
recrystallization behavior and mechanical properties of tungsten can be altered [25]. Microstructure 
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1.3.2 Tungsten under irradiation 
Tungsten has a high sputter threshold, meaning incident particles must have a large incident 
energy to induce erosion of the surface. This is shown in table of sputter threshold energies below, 
reproduced from E. Hotston.  
 
Figure 1.8: Sputter thresholds for tungsten under bombardment of different ions [29]. 
 
For hydrogenic and helium species, the sputter threshold is very high, and above typically 
temperatures found in the divertor region. Therefore, sputtering due to incident fuel particles may not be a 
significant issue. However, impurity atoms and eroded wall material can re-deposit on tungsten and 
change the surface composition and sputtering behavior of a tungsten surface. Allain, et al. showed that in 
ITER, a net beryllium flux will be imparted on the tungsten divertor strike point. However, full coverage 
of the divertor by migrating Be atoms is not expected due to self-re-sputtering of beryllium [30]. These 
mixed material layers may have altered tritium retention abilities compared to pure tungsten or beryllium 
surfaces and altered sputtering yields of tungsten and beryllium depending on the amount of re-deposited 
beryllium [31, 32]. Nonetheless, erosion and re-deposition of wall materials will interact differently with 
tungsten than the fuel particles. Although fusion fuel (H, D, T) and its byproducts (He and n) do not 
significantly sputter tungsten, they still interact with a tungsten surface.  
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1.3.2.1 Hydrogen interactions with tungsten  
Many studies have been done investigating the impact of hydrogenic species on the tungsten 
surface and its properties.  
Tungsten undergoes modifications under the impact of low energy (<500 eV) hydrogen fuel 
particles. Hydrogen has a low solubility in tungsten and has a very small penetration depth, however still 
causes damage. The penetration depth is ~ 40nm, but H can diffuse to depths of ~500 nm [33]. Retention 
of hydrogen-like particles is an important topic of interest as retention of tritium can cause a safety hazard 
and increase fuel costs [4, 17].  
When hydrogen interacts with a tungsten surface, most particles are reflected while others are 
implanted back into the plasma. Due to the low solubility of hydrogen in tungsten, the concentration of 
deuterium in tungsten saturates quickly. Some D ions can chemisorb to the tungsten surface and diffuse 
into the bulk [34]. Implanted hydrogen diffuses to grain boundaries and vacancies and accumulates to 
form bubbles [34-43]. For example, in the porous-like plasma-sprayed tungsten, H retention is increased 
above 500 K, as the H can travel along the connected pores and saturate the surfaces of many grains [34, 
37].  
Incident D particles are retained in the near-surface region, with retention characteristics 
depending on the incident particles and material properties. In high flux, low energy D, Tokunaga, et al., 
irradiations observed increased D retention in a plasma-sprayed tungsten as compared to a powder 
metallurgy and single crystal sample; however, all samples demonstrated reduced retention as the 
irradiation temperature increased [39]. This temperature dependence of retention was also observed by 
Ogorodnikova, et al [37]. The temperature-dependence of retention is related to an increased rate of 
desorption of hydrogenic species from the tungsten surface [37, 40].  However, this theory is complicated 
by the results of Afimov, et al, showing lowest retention at room temperature, highest retention at ~500 
K, and then decreasing retention above 500 K, and Ogorodnikova showing D retention decreasing with 
temperature [38, 41].  
  11 
In addition to temperature, material composition can influence retention properties. As 
mentioned, incident deuterium atoms are trapped at defects, impurities, or surface structures [31]. Grain 
boundaries can serve as trapping sites for D, so tungsten samples with different microstructures have 
shown different retention behavior. Studies have been conducted on investigating the retention behavior 
of TiC and TaC doped tungsten [42-44]. Miyamoto, et al. found decreased D retention in the composite 
materials [44], attributed to the increased grain boundary density serving as a more direct path for D 
release from the surface. However, Zibrov, et al. and M Oya, et al. both observed increased D retention in 
the doped samples [42, 43]. This is shown in Figure 1.9 from M Oya, et al. In addition, Zibrov et al. 
observed increasing retention with increasing irradiation temperature, while M Oya et al. observing the 
opposite.  
 
Figure 1.9: Retained deuterium in various tungsten samples as measured by NRA and TDS methods [43]. 
 
The increased retention was attributed to the TiC and TaC dispersoids creating more trapping 
sites and potentially forming bonds with the trapped D particles. This may indicate that alloyed W 
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materials retain more D than pure W, which would not be a beneficial result for these materials. 
Additionally, pre-annealed tungsten that underwent recrystallization exhibited decreased D retention [38].   
The retention of D is also influenced by the ion irradiation conditions, such as pre-irradiation with 
a second species or irradiations with mixed plasmas. Pre-irradiation with helium can introduce voids in 
the near-surface region that can act as trapping sites for deuterium. Irradiation with He has shown to 
decrease the depth of D retention, as the retained ions from the pre-exposure act as a diffusion barrier to D 
permeation [41, 44, 45]. Nishijima, et al, found that pre-exposure to a high temperature He plasma led to 
increased D retention, while pre-exposure to a low temperature He plasma led to decreased D retention 
[45]. These results show that the different types of He damage can impact D retention differently. 
Simultaneous D/He irradiation at high fluxes and temperatures also results in decreased D retention, 
attributed to the porous structure created on the surface by the He ions [46, 47]. Pre-implantation of 
carbon atoms has also shown to increase D retention [38].  
Pre-irradiation with heavy ions or neutrons has been shown to increase D retention in tungsten. 
Under neutron irradiation to a 0.3 dpa level, Y. Hatano et al. showed increased D retention owed to the 
increased density of defects and trapping sites [48]. Additionally, Y. Oya, et al. showed increased D 
retention in tungsten samples exposed to neutrons (to 0.025 dpa) and swift heavy ions (to 3 dpa). 
However, their work showed differences in the way D was trapped in the defects after neutron and ion 
irradiations [49]. Also, self-ion irradiations indicated increased D retention in the damage zone, with the 
amount of retained deuterium decreasing with exposure temperature [37].    
Deuterium irradiation can also cause surface morphologies to develop, occurring as a function of 
irradiation temperature, ion energy, and ion fluence. The incident ion energy is below the displacement 
threshold of tungsten, yet saturation of defects with deuterium likely drives the structuring [35]. Among 
the surface morphologies developed are blisters, protrusions, and cracks. The table below from t’Hoen et 
al. show the different types of structures created after deuterium irradiation.  
The development of blisters has been observed in many types of tungsten materials, and the shape 
and size of the blisters depends on the microstructure [38-40, 44].  Blisters develop on samples irradiated 
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at all temperatures, with the blister density decreasing as the irradiation temperature increases [40]. The 
images below, reproduced from Jia, et al. show the structure of the blisters on the surface.  
 
 
Figure 1.10: Summary of hydrogen-induced morphology on tungsten [50]. 
 
 
Figure 1.11: FIB-SEM micrographs of surface blisters on tungsten [40]. 
 
Deuterium retention corresponds with blister formation, as K Tokunaga et al observed no retained 
D in samples that did not develop blisters [39], and A Manhard et al. observed decreased D retention and 
no blistering on recrystallized samples [51]. The blisters are thought to form from the hydrogen bubbles 
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that are formed beneath the surface whose gas pressure overcomes the strength of the tungsten and causes 
the growth of a dome shape on the surface [35].  
The surface structures can be caused at a wide range of irradiation conditions. Typical blisters are 
created by low energy ions (down to 38 eV), and have been observed at fluences up to 1026 m-2 and 
temperatures up to 873 K. The blister size and density has been shown to change as the fluence and 
temperature increase [38, 50]. However, some have also observed no blistering at and above 800 K, 
indicating suppression of blister formation at high temperatures. The appearance of blisters depends on 
the flux of deuterium ions, as a low flux has been shown to produce large, smooth blisters, while high 
flux irradiations created a high density of small blisters. Notably, the size and density of blisters increased 
with the fluence [50, 51]. A critical energy-fluence dependence exists for blister formation, with lower 
energy ions requiring a higher fluence to initiate blister formation [52].  
Given these experiments, deuterium-induced blistering of tungsten surfaces may be an issue in 
the divertor region in ITER.   
 
1.3.2.2 Helium interactions with tungsten 
Plasma-facing components will also be exposed to high fluences of helium particles, particularly 
low energy particles in the divertor region. Like hydrogen species, the incident particle energy will be 
below the displacement threshold for tungsten, but significant surface evolution can still occur. There has 
been a large amount of research on the effects of helium on tungsten, focusing on the retention and 
formation of surface nanostructures. Surface structures on tungsten are of interest, as they may be blown 
off during unipolar arcs [53, 54], exhibit decreased thermal conductivity [55], change the optical 
reflectivity [56], but may be able to withstand exposures to tokamak plasmas [57]. 
Under He irradiation, there is a wide range of surface damage that can occur, as demonstrated by 
the graphic from Zenobia et al. in Figure 1.12. 
Incident helium atoms are trapped at vacancies, grain boundaries, and voids in the tungsten 
matrix where they can coalesce to form He bubbles. These bubbles grow in size and build up pressure, 
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which can create loops in the tungsten matrix. If the sample temperature is high enough, the bubbles can 
migrate to the surface and burst the tungsten surface, causing the surface structures shown in Figure 1.13.    
  
 
Figure 1.12: Roadmap of helium-induced surface structures on tungsten as a function of fluence and 
temperature [58]. 
 
High energy He irradiation can induce surface blisters and exfoliation of tungsten. The incident 
particle energies are above the displacement threshold for tungsten. Under 30 keV He ion irradiation at 
temperatures above 500 C, a fluence of 6x1017 cm-2 was required to create surface pores and roughening. 
As the fluence increases, the pores transition into surface blisters, and hen into a fuzz-like structure, 
referred to as “Grass” in Figure 1.13 [58]. The micrographs in Figure 1.13 also show the surface 
morphology evolution as a function of fluence.  
Tungsten behavior under 8 keV He ion irradiation was investigated by Iwakiri, et al. showing 
loops and bubbles in the microstructure.  High energy ions are trapped in radiation-created vacancies 
(voids, loops). These defects are created by knock-on He damage. Interstitial He atoms then join together 
to create He-rich vacancy complexes. The complexes grow into bubbles by emitting interstitials and 
absorbing He atoms. The process is enhanced at high temperatures as vacancies are mobile [59].  
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Figure 1.13: Evolution of tungsten surface morphology over increasing fluence [58].  
 
In-situ TEM studies have been done to investigate the formation mechanisms of these 
nanostructures. Under irradiations of 3 keV ions, He bubbles were formed and increased in number as the 
He fluence increased. However, below 1273 K, little change in the surface morphology was observed. 
Above 1473 K, surface morphology changes are evident, as shown in Figure 1.14.  
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Figure 1.14: Changes in tungsten surface morphology under He irradiation in an in-situ TEM, 
showing progression from sub-surface bubbles to surface fuzz [60].  
 
At this high temperature, He bubbles are mobile enough to reach the surface and rupture the 
surface, leaving holes in their wake. The same study also showed a crystal-orientation dependence on 
nanostructure formation [60].  
Low energy He particles can also cause damage in tungsten, even though the incident energies are 
below the tungsten displacement threshold. In the same Iwakiri study, 250 eV He ions formed subsurface 
defects, but no loops. The formation of defects in this case is centered on He trapping around impurities, 
forming similar He-vacancy clusters that grow as they accumulate more He atoms [59].  
 A systematic study by Nishijima, et al. investigated the role of ion energy on the surface damage 
created at high temperatures (>1800 K). At energies below 12 eV, no surface structures were formed; 
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however, above 18 eV, bubbles and holes were observed on the surface. It is propositioned that 18 eV is 
the potential barrier that He ions must overcome to penetrate the tungsten [61]. However, under high flux 
conditions, this value was found to be reduced to 5 eV at temperatures of 1600 K [62]. At high 
temperatures, thermal vacancies are created and become trapping sites for He atoms and nucleation sites 
for bubbles. At high temperatures, He atoms are more mobile and recombine more frequently to create 
bubbles.   
Under high fluence exposures to fusion relevant plasmas (60 eV, 5x1022 m-2s-1, ~1026 m-2, 1100-
1300 K), these nanostructures have been shown to evolve into tendrils, commonly referred to as fuzz, as 
shown in Figure 1.15. These structures are thought to evolve in a similar nature to the structures formed 
under high energy irradiation (as shown in Figure 1.13), but exact formation mechanisms of any surface 
nanostructures are not well understood.  
 
Figure 1.15: Growth of tungsten nanostructures (fuzz) [63]. 
 
The micrographs above show the fluence dependence of fuzz growth, as the layer thickness 
increases with exposure time [63].  
The evolution of the surface nanostructures under low energy He bombardment is best illustrated 
by a series of micrographs from El-Atwani, et al.  
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Figure 1.16: Progression of surface morphology on tungsten surfaces during He ion irradiation on refined-
grained tungsten samples [64]. 
 
The formation mechanisms of nanostructures were investigated under 50 eV He irradiations at 
fluences from 6x1024 – 6x1025 m-2 at 1400 K. At the lowest fluence, pinholes ~100 nm in diameter are 
observed on the surface and no fuzz-like structures were formed. As the fluence increased, the pinholes 
evolved to increase the surface roughness and eventually developed into fuzz. The initial formation of 
holes at low fluences may channel incident He ions to deeper depths to create more bubbles. Also, the 
holes can develop into ridges and grooves as the He bubbles beneath them penetrate the tungsten surface. 
As the He bubbles contort the surface, the rod-like fuzz structure is formed [65].  
Once the nano-tendrils are formed, their growth is still under investigation. F. Meyer, et al. 
investigated the behavior of the surface nano-tendrils under He irradiation at angled incidence. For 
incident energies below 218 eV, the tendrils are thin and grow in random directions away from the sample 
surface. However, as the incident ion energy increases above 480 eV the tendrils grow in the direction of 
the incident ions. In parts of the tendrils that are in line-of-sight of the beam, ion bombardment creates He 
trapping sites at a higher rate than on the shadowed side of the tendril. Thus, on the line-of-sight side of 
the tendrils, there are more damage sites that can serve as He trapping sites causing tendril growth to be 
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accelerated in that direction. As the ion energy increases, more line-of-sight damage sites are produced, 
thus the directional growth is accelerated and more noticeable [66].   
Based on these results, a roadmap for the formation of nanostructures under low energy He 
irradiation was developed.  
 
Figure 1.17: Roadmap outlining conditions for tungsten nanostructure (fuzz) formation [65]. 
 
The plot above shows an energy and temperature dependence for fuzz formation, as well as the 
required fluence formation for fuzz growth. Fuzz is formed for temepratures between 1000 – 2000 K. 
When the temperature is too low, only roughening of the surface is observed, while if the temperature is 
too high, large pinholes are developed. A fluence above ~1025 m-2 is required for fuzz growth [65].   
Fuzz has been observed on many different types of tungsten (single crystal, pure tungsten, Re-
doped, oxide-doped, and TiC-doped tungsten). Fuzz layers 2-4 um thick were observed on all samples, 
indicating that doping may not be a solution to preventing fuzz growth [67].  
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Recently, however, evidence has presented for a He-flux dependence for fuzz growth on tungsten. 
Studies by F. Meyer, et al. exposed tungsten surfaces to He ions at energies from 218 – 8500 eV at~ 
6x1020 m-2s-1 fluxes. Surface tendrils were only observed in locations on the sample surfaces exposed to a 
critical He flux. The damaged region displaying tendrils did not grow with time, which would be expected 
it fuzz growth was simply fluence-based. This result indicates that there may be a threshold flux that 
depends on the ion energy for fuzz formation. Evidence for a critical flux demonstrates that the rate of the 
build-up of trapped He in the tungsten matrix is important, and if a critical value is exceeded then fuzz 
formation may progress [68].    
Two approaches have been taken to reducing the formation of nanostructures: altering the plasma 
composition and reducing the tungsten grain size.  Beryllium seeding in He plasmas has been shown to 
suppress the formation of He bubbles, although this effect is less effective at temperatures above 573 K 
[69].   
Bubble formation in tungsten can be suppressed if the grain size is reduced. Grain boundaries in 
tungsten acts as sinks for He particles and can trap them, limiting their diffusion to He-vacancy 
complexes. Grain boundaries can also act as a recombination source for interstitials to recombine with 
vacancies to eliminate defects. Indeed, fine-grained tungsten materials have been shown to limit He-
induced structure formation. El-Atwani, et al. showed that ultra-fine grained tungsten has a higher fluence 
threshold for fuzz formation, indicating that fine-grained tungsten materials can tolerate more He 
irradiation and the resulting surface morphology may have less of an impact on PFC performance [64]. 
However, the instability of nanocrystalline materials at high temperatures makes the ultra-fine-grained 
structure unstable over time.  
 
1.4 Novel Tungsten Materials and Tungsten Alloys 
Controlling the microstructure of tungsten can alter the mechanical properties and behavior of 
tungsten on the macroscale. Significant efforts have been made to alter the grain size and distribution in 
tungsten, from creating nanocrystalline tungsten to bi-modal grained tungsten to tungsten alloys.  
  22 
1.4.1 Fine-grained tungsten 
Sintering of nanopowders (to be discussed in-depth later) and mechanical methods have been used to 
create ultrafine-grained microstructures in tungsten [70, 71]. Ultra-fine grained tungsten has exhibited 
increased ductility and radiation resistance as compared to coarse-grained tungsten [64]. This result is 
attributed to the increased grain boundary density of fine-grained materials, and the grain boundaries act 
as sinks for the He bubbles. Additionally, nano-crystalline tungsten materials developed via severe plastic 
deformation or torsional techniques have demonstrated increased ductility and high strength [72-74]. 
Tungsten has also been observed to adhere to the Hall-Petch relation, in which a decreasing grain size 
increases the hardness [75].   
Inhibition of grain growth is important for processing of nanocrystalline materials. Grain growth 
reduces the grain boundary energy of the material as atoms diffuse along grain boundaries to re-define 
grain structure and is enhanced at high temperatures. Dispersing a second phase particle in the primary 
material matrix can inhibit grain growth, and has been shown in many materials. This technique can also 
be employed in tungsten to stabilize the microstructure.  
 
1.4.2 Tungsten alloys  
 One main goal in alloying tungsten is to reduce the ductile-brittle transition temperature. 
Tungsten is typically alloyed via two mechanisms: solid solutions and dispersion-strengthening.  
Solid solution tungsten alloys have been developed that increase the high temperature creep and tensile 
strength by inhibiting dislocation migration [76]. Solid solution strengthening with rhenium is a common 
tungsten alloy that demonstrates a decreased DBTT and increased recrystallization temperature. However, 
this alloy undergoes unfavorable phase transitions to osmium under neutron irradiation, altering its 
properties [77].  
 Dispersion-strengthened alloys are of interest due to their high strength and recrystallization 
inhibition. Typically, tungsten is alloyed with non-metallic second phase particles, such as oxides or 
carbides.  
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 Oxides, such as lanthana, yttria, zirconia, have low solubility in tungsten, and are stable at high 
temperatures. Strengthening with oxides was first investigated with the addition of thoria before sintering. 
This led to an increase in the high temperature strength and restricted grain growth during sintering; 
however, thorium is radioactive, increasing the need to develop other alloys.  
 Strengthening with small amounts (~1 wt.%) yttria is common, and have indicated enhanced 
properties. R. Liu et al. found that adding nano-sized yttria and zirconia particles enhance the high-
temperature strength and increased the low temperature ductility. TEM analysis showed nano-sized 
zirconia and yttria particles uniformly in grain boundaries which reduced the free oxygen concentration in 
the grain boundaries, as shown in Figure 1.18. 
Also, the formation of oxide complexes at grain boundaries may pin grain boundaries, hindering 
their migration and increasing the strength [78]. Similar effects were observed by Z. Zhou et al. Sintering 
tungsten, 0.5 wt.% yttria, and 1 wt.% titanium together resulted in reduced grain size and increased 
hardness. In exposures to high heat fluxes, the ODS-strengthened tungsten exhibited better thermal shock 
resistance [79]. Y. Kim et al. systematically studied oxide strengthening via yttria, hafnia, and lanthania in 
tungsten by varying the oxide concentration from 0 to 5.0 wt.%. The addition of yttria allowed for 
increased densification, while increasing amounts of lanthana and hafnia hindered densification. Yttria 
also increased the hardness of tungsten by 50%, while lanthana decreased the hardness. In TEM analyses, 
yttria and tungsten grains were observed, with W-Y-O complexes being formed [80]. A similar result was 
observed by M. Yar, et al, with a non-uniform distribution of oxides in the tungsten matrix and yttria 
providing increased pinning and strengthening effect over lanthania [81]. Finally, lutetium-strengthened 
tungsten refined the grain size and increased the hardness. Lutetium-oxide was distributed throughout the 
tungsten matrix, but excessive Lu-oxide particles accumulated at grain boundaries and acted as crack 
initiation sites. Small amounts of Lu additive increased the ductility and toughness by capturing impurity 
oxygen atoms [82].  
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Figure 1.18: TEM and EDS micrographs of Y-Zr dispersion-strengthened tungsten [78]. 
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 Tungsten alloys have also been developed with second-phase carbide particles. Carbides have 
high temperature strength, high melting points, and can be dissolved in the tungsten matrix in small 
amounts. Microalloying tungsten with small amounts of Group III or V elements and their carbides (ZrC, 
TiC, HfC) has shown to enhance the properties of tungsten. These microalloying elements can scavenge 
the tungsten matrix for free oxygen atoms and form oxygen-transition metal-carbon complexes [83]. The 
active elements capture impurities (primarily in the tungsten grain boundaries) and redistribute within the 
tungsten lattice. In small amounts, the second phase particles can have this desired effect [84]. Interstitial 
carbon in the tungsten matrix binds with the transition metals to form precipitates in the grains and not 
coarsen the tungsten grain boundaries by forming tungsten carbide [83].  
 The abilities of transition metal carbides to effectively alloy tungsten has been studied to great 
degree, primarily with regards to ZrC and TiC. Tungsten-zirconium carbide composites did not display 
ZrC particle coarsening at grain boundaries, instead offering a more harmonious distribution of second 
phase particles, which would limit the potential crack initiation sites [85]. When ZrC is dispersed in the 
grain interior, it can effectively pin dislocations within grains, and when it is at the grain boundaries it 
captured oxygen and pinned grain boundary motion. Z.M. Xie et al identified zirconium-carbon-tungsten-
oxygen complexes at grain boundaries, creating coherent interfaces with the tungsten matrix. The 
coherent boundaries allowed for the improvement in strength and ductility, as shown below. 
 
Figure 1.19: TEM micrograph of ZrC particles in tungsten, both intragranularly and at grain boundaries 
[85]. 
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Figure 1.20: Proposed grain boundary strengthening mechanisms in W-ZrC alloys [85]. 
 
 The best mechanical properties were observed with the addition of 0.5 wt.% ZrC, as a decrease of 
the DBTT to 100 C and improvement in the thermal shock resistance were observed [85].  
 The effects of ZrC particles on high heat loads has also been studied. Tungsten-zirconium carbide 
alloys demonstrate higher thermal load resistance without cracking or melting than pure tungsten or 
oxide-strengthened tungsten [85].  
 Dispersed zirconium carbide particles have also been studied in other refractory metals, such as 
molybdenum. T. Takida et al. developed Mo-ZrC alloys with ~2 um-sized grains, compared to pure Mo 
developed in the same fashion that had and average grain size of 56 um. The ZrC particles limited grain 
growth during sintering and the fine grain size resulted in high strength of the alloy. Additionally, the Mo-
ZrC alloy exhibited a lower DBTT than pure Mo [86].   
 While typical enhancements in mechanical properties have been observed for small additions of 
ZrC, larger concentrations of ZrC have also been studied. G. Song et al. have conducted extensive studies 
of ZrC/W composites with up to 50 vol.% ZrC [87]. Post-fabrication studies with XRD and EDS have 
shown the formation of zirconia, zirconium carbide, and tungsten carbide phases, attributed to the 
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interdiffusion of carbon between ZrC and W powders during compaction. A (Zr, W)C solid solution is 
formed at W-ZrC interfaces, which can enhance grain boundary bonding [88]. The solid solution-
strengthening mechanism is shown below.  
 
Figure 1.21: Solid solution strengthening mechanisms proposed in W–ZrC alloys [88].  
 
 An addition of 30 vol.% ZrC resulted in a higher elastic modulus, lower conductivity, and 
superior high temperature strength as compared to pure W [88]. These composites also demonstrated 
increased high temperature ablation resistance and good thermal shock resistance, attributed to the 
oxidative resistance of ZrC as compared to tungsten [87, 89].  Due to the enhanced grain boundary 
cohesion, the failure modes of W-ZrC composites are altered, from intergranular failure in pure W to 
transgranular failure in the composites, as shown in Figure 1.22.  
For composites with ZrC contents between 20-50 vol.%, the maximum ultimate tensile strengths 
were observed at testing temperatures of ~1000 C, opposite of what is observed in pure W. However, 
additions of increasing amounts of ZrC led to decreases in the UTS, potentially due to the high porosity 
and low density of the highly-doped alloys [87].   
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Figure 1.22: Proposed fracture mechanisms of pure W and W-ZrC alloys [88].  
 
 Improvements in the ductility and toughness have also been achieved through alloying with 
titanium carbide and hafnium carbide [90-101]. Reductions in the grain size were observed with TiC 
particles existing at and pinning grain boundaries, as shown in Figure 1.23.  
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Figure 1.23: TEM micrographs of grain boundary pinning in W-TiC alloys [90]. 
 
 The resulting ultrafine-grained structure improved the impact toughness at low temperatures, 
improved the densification, and additions of 0.2 wt.% TiC lowered the ductility by 100 C [90]. X. Ding et 
al. studied the impact of 1 wt.% TiC strengthening, showing increased hardness and decreased grain size 
when TiC added. Under nanoindentation, the Young’s modulus of the alloy was determined to be 387 
GPa, similar to the modulus of pure tungsten. However, W-TiC alloys demonstrated drastically reduced 
thermal conductivities as compared to pure tungsten [91].    
 Similar results are obtained in 0.5 wt.% TiC-strengthened tungsten as studied by S. Miao et al. 
The alloys exhibited a higher recrystallization temperature of 1600 C, but the TiC particles were stable, 
indicating their high temperature stability. As before, W-Ti-O-C complexes were observed in EDS 
investigations with particles both intergranularly and intra-granularly [92].  C. Ren et al. demonstrated 
that, like ZrC, titanium-rich second phase particles can capture impurity oxygen from grain boundaries 
and pin tungsten grains, as shifts in the XPS spectra of Ti_2p region indicate the formation of titanium 
oxide instead of metallic titanium [93].    
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 H. Kurishita et al. have extensively studied TiC-doping in tungsten. Three factors have been 
identified to limit the efficacy of carbide strengthening on tungsten: precipitation of tungsten carbide 
phases, inhomogeneity in grain size, and loss of carbon from the transition metal [94]. Tungsten 
strengthened with ~0.3-1.1 wt.% TiC has demonstrated appreciable room temperature ductility and 
enhanced fracture resistance due to pinning of grains and grain boundary strengthening [94-98]. Additions 
as small as 0.3 wt.% TiC demonstrated a DBTT of ~260 K, well below the DBTT of pure W [96]. The 
nano-grained tungsten alloys with TiC can exhibit super-plastic behavior, as the TiC dispersoids suppress 
crack formation [98].  
 Titanium-carbide strengthening has also been done in molybdenum. R. Ohser-Wiedemann et al. 
observed inter-diffusion between Mo and TiC and the development of Mo2C phases. The presence of TiC 
in the final products inhibited recrystallization and increased the hardness [99]. H. Kurishita et al. have 
shown that an addition of 1 wt.% TiC to Mo pinned grains up to 1800 C, preventing full recrystallization 
that would typically occur for pure Mo at that temperature [100].   
 Hafnium-carbide strengthening has exhibited similar effects, particularly with regards to the 
tensile behavior. Hafnium carbide-strengthened molybdenum has been shown to have a higher strength 
than pure Mo or W [101]. Additions of HfC to tungsten up to 30 vol.% enhanced the mechanical 
properties via the formation of (Hf, W)C complexes and inhibiting grain growth of tungsten during 
fabrication [102].  
 Few studies have been conducted on tantalum and tantalum carbide-strengthened tungsten. 
Additions of pure Ta resulted in a Ta(W) solid solution with Ta additions of 15 at.% greatly enhancing 
the fracture toughness and hardness, although having a detrimental impact on the tensile behavior of 
tungsten [103].  Small additions (0.5 wt.%) of TaC have been shown to decrease the DBTT of tungsten to 
200-250 C by capturing oxygen impurities and forming homogenously distributed Ta2O5 particles in the 
tungsten matrix. The formation of these complexes enhance grain boundary strength and limit grain size, 
which contribute a fine grain size and enhanced low temperature ductility and toughness [104]. Additions 
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of 1 wt.% TaC have been shown to increase the hardness of tungsten by pinning grains, while also having 
a higher thermal conductivity than pure tungsten [105].  
 X. Tan et al. have identified both TiC and TaC as playing a crucial role in strengthening the 
tungsten grain boundaries to prevent crack formation under high heat loads. Tanatalum-carbide 
strengthened alloys showed no change in hardness after heat loading, potentially indicating the thermal 
stability of TaC particles [106].   
 
1.4.3 Properties of alloys under irradiation 
 Initial investigations have been made into the properties of some of the above-referenced tungsten 
alloys under charged particle and neutron irradiation.   
 Titanium and tantalum carbide strengthened materials have also been tested under irradiation. 
Many studies [42-44] have shown that TiC and TaC-doped tungsten retains more deuterium than pure W, 
attributed to the increase in trapping sites. However, M. Oya et al. showed that D retention in W-3.3 wt.% 
TaC was lower than in W-1.1 wt.% TiC, potentially due to different chemical bonding of D with Ti and 
Ta [43]. However, in exposures of W-1.1TiC alloys to pure D plasmas at 573 K, H. Kurishita et al. found 
no holes or blisters on the surface and reduced D retention [95]. Thus, the properties of TiC-strengthened 
tungsten under D irradiation are not fully understood.    
 Tungsten strengthened with 0.5 wt.% TiC exposed to a neutron fluence of 2x1024 m-2 has 
exhibited no radiation-induced hardening, while pure tungsten is hardened considerably under the same 
conditions [107]. Decreased loop and void densities are observed in TiC-strengthened tungsten alloys, 
and the TiC particles are stable under irradiation [108]. Molybdenum-strengthened alloys have exhibited 
improved ductility after a 0.08 dpa neutron irradiation, as the fine-grained structure and grain boundary 
strengthening mechanisms were stable after irradiation [109].  
 Titanium carbide-strengthened tungsten alloys have been investigated under helium irradiation as 
well. Tungsten alloyed with 0.3 wt.% TiC demonstrated increased surface damage resistance as compared 
to pure W when subjected to 3 MeV He ion irradiations to a 1022 m-2 fluence. The superior resistance can 
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be attributed to the fine grain structure of the alloy, allowing grain boundaries to acts as effective defect 
sinks [98, 107, 108]. Under exposure to high fluence, high temperature He plasmas in the fuzz forming 
range, tungsten doped with 1.1 wt.% TiC did exhibited full fuzz formation, similar to pure W [67]. Thus, 
small additions of TiC may be unable to prevent the formation of tungsten fuzz.   
 To the best of my knowledge, I have not seen any literature regarding exposure of ZrC-
strengthened tungsten to irradiation of any type.  
 
1.5 Properties of various carbides 
Chosen for this research are three transition metal carbides: zirconium carbide (ZrC), titanium 
carbide (TiC), and tantalum carbide (TaC). Table 1.1 lists some basic thermomechanical properties of 
these carbides, with tungsten as a comparison [20, 110-112]. 
 
 Zirconium Carbide Titanium Carbide Tantalum Carbide Tungsten 
Density (g/cm3) 6. 59 4.91 14.5 19.2 
Melting Point  (C) 3420 3067 3950 3422 
Lattice Parameter 
(nm) 




20.5 21.0 22.1 173.0 
Hardness (GPa) 25.9 30.0 16.7 3.43 
Coeff. Of Thermal 
Expansion (C-1) 
6.7x10-6 7.9x10-6 6.3x10-6 ~4x10-6 
 
Table 1.1: Properties of transition metal carbides and tungsten for comparison.  
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These non-oxide ceramics have high strength but are also brittle. Their high strength comes from 
strong ionic-covalent bonds (strong metal-carbon bond), while their brittleness comes from the weak 
metal-to-metal bond. Like tungsten, they exhibit intergranular fracture under stresses. All three carbides 
have an FCC rock salt crystal structure [110, 111].  
 
1.6 Problem description and goals 
Tungsten is the material of choice for the divertor region in ITER as it has a high conductivity, low 
sputter yield, and high melting point. However, tungsten undergoes detrimental surface morphology 
changes under low and high energy ion bombardment. Also, due to its low DBTT, tungsten is difficult to 
shape and may be susceptible to cracking under transient heat loads. Thus, attempts have been made to 
create tungsten variations that are more ductile and suitable for use in a fusion environment. One type of 
these tungsten alloys is carbide-dispersion-strengthened tungsten. However, open questions remain 
regarding the properties of carbide-strengthened tungsten alloys under irradiation.  
In this work, the fabrication of tungsten alloys strengthened with zirconium carbide, titanium carbide, 
and tantalum carbide was investigated. Chemical composition and microstructure were analyzed after 
fabrication and correlated with alloy mechanical properties.  
After fabrication of consolidated samples, behavior of these dispersion-strengthened alloys were 
investigated under low energy ion irradiations at low and high fluences. The surface chemistry and 
morphology response to irradiation was examined. Based on these experiments, three questions have been 
developed and will be answered in the following studies: 
1. What is the effect of the type and amount of added second phase on the microstructure, 
composition, and mechanical properties? 
2. How does deuterium irradiation alter the surface chemistry, topography, and mechanical 
properties of tungsten alloys? 
3. Do the alloys offer superior resistance to nanostructure formation and fuel retention under 
H/D/He irradiations as compared to pure tungsten?  
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CHAPTER 2: SPARK PLASMA SINTERING 
 
In general, production of refractory metals such as W, Mo, V, and Ta is difficult due to their high 
melting points [20]. Typical fabrication methods are arc melting, sintering, hot pressing, and plasma 
spraying, all powder metallurgy technique [20, 21, 76]. Production of tungsten powder is an important 
step in the powder metallurgy process, as the powder properties, such as purity, particle size, and particle 
shape affect the properties of the condensed product. Tungsten powders are produced via a hydrogenic 
reduction of tungsten oxides and is available with average particle sizes from 0.015 to 500 um [20, 76]. 
After fabrication of the powder, compaction and sintering are the common consolidation techniques.  
Conventional sintering of tungsten powder is typically done with long hold times and high 
temperatures that result in coarse microstructures. In recent years, novel sintering methods (such as spark 
plasma sintering) have been developed to provide rapid heating rates and short hold times for rapid 
consolidation to provide finer microstructures. In order to produce fine grained samples in this work, 
spark plasma sintering was utilized for sample fabrication.  
 
2.1 Sintering 
During sintering, a heat treatment is applied to the Green body to densify the material and increase 
the strength of the Green compacts. Sintering is a general term referring to the application of heat to a 
specimen to consolidate it via thermally-activated mass transport. The thermal activation reduces grain 
boundary and surface free energies, allowing for enhanced particle motion. The general concept of 
sintering has been done for centuries. Through the years, many attempts have been made to perform 
activated sintering, either through the use of additives to the powders to be consolidated or altering the 
external stimuli. Whatever the method, activated sintering tries to enhance the densification kinetics by 
lowering the activation energies needed for mass transport [113, 114].  
One type of activated sintering is achieved by applying an electrical current through the powder to 
heat. Conventional sintering uses radiative heating to heat the sample. The application of an electrical 
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current through the specimen was first done in 1933 [115]. The application of a current with uniaxial 
pressure during sintering was first done in the 1950s, and took off in the 1990s [113-116]. This technique 
is commonly called Spark Plasma Sintering (SPS), but also has many other names such as Plasma 
Assisted Sintering (PAS), Pulsed Electrical Current Sintering (PECS), electroconsolidation, and Field 
Assisted Sintering Technique (FAST) [114, 116]. From now on in this document, the technique will 
solely be referred to as SPS. In all, SPS consists of concurrently applied pulsed electrical current and 
uniaxial pressure to enhance consolidation of the sample. This is shown in the schematic in Figure 2.1.  
 
Figure 2.1: Design of spark plasma sintering device [114]. Pressure is applied from top and bottom 
while sample is rapidly heated by a pulsed DC current. 
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The advantages of SPS over conventional sintering are a lower sintering temperature and a higher 
heating rate [117].  By changing the current, hold time, and pulsing characteristics, the heating rates can 
approach 1000 C/min and temperature profiles can be altered [116]. The effect of the current is very 
important in SPS. A pulsed, DC current passes through the graphite die and the powder (if it is 
conductive) with a small (~1-5 V) voltage. This provides Joule heating to the specimen which allows for 
the rapid heating rates [116]. The applied current is typically ~1-3 kA, and is typically pulsed in a 12:2 
on:off ratio.  
The pulsed current in SPS is the main driving force for densification and is the distinguishing feature 
of the technique. As mentioned above, the current heats the sample and die through Joule heating, though 
the amount of current flowing through the sample depends on the sample itself. The nomenclature Spark 
Plasma Sintering comes from the thought that the pulsed current causes discharge to be created during the 
sintering process. However, the creation of a plasma is disputed [118].  
The current has been shown to increase mass transport and densification [114, 118]. The current 
enhances kinetics by giving additional energy and increasing point defect concentrations and mobility 
[114,119,120]. It is thought that the current cleans the surface oxide layers off the powder particles and 
activates the surface [121]. The cleaning of the particle surfaces provides clean grain boundaries when 
densification occurs, which can allow for better interparticle bonding [113, 122]. First, the powder is 
“activated” by the applied voltage, and is then heated and densified by the current [123].  
The heating rate and pressure also have an impact on the final product. With a graphite die, the 
maximum pressures that can be applied are typically <100 MPa, but the application of any pressure 
makes a difference [116]. Increased densification is achieved when uniaxial pressure is applied, compared 
to pressureless sintering at the same temperature. The pressure affects particle arrangement and pore 
collapse, providing a driving force that is capable of breaking up aggregates, which is important for nano-
powders [124]. The particle re-arrangement can collapse pores and enhance densification [123]. The 
applied pressure can affect both the final density and microstructure of the consolidated sample.  
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The high heating rate (up to 1000 C/min) allows for short exposure times to high temperatures, 
enabling the sintering of nanostructured materials without significant grain growth [114]. In experiments 
with pressureless sintering, a higher heating rate led to increased densification [114]. However, in SPS, 
there have been conflicting results regarding the effect of heating rate on the final density. In simulations, 
McWilliams et al. found that too high of a heating rate can lead to non-uniform densification and the 
creation of cracks during sintering, while Holland, et al. observed increased relative densities and smaller 
grains at heating rates of 500 C/min [125, 126].  
Finally, the hold time can affect the properties of the final product. An increased holding time has 
been shown to increase both grain size and density [113, 114, 116].   
 
2.2 Sintering Kinetics 
There are three main mechanisms of material transport when sintering: plastic/viscous flow, 
evaporation-condensation, and diffusion [127, 128]. For tungsten, grain boundary diffusion is the main 
method of material transport during densification, as tungsten’s low vapor pressure rules out evaporation-
condensation reactions. [128, 129]. Surface diffusion allows for the redistribution of particles, but does 
not significantly contribute to densification. The activation energy for atomic diffusion (Q) is a critical 
parameter that helps define sintering kinetics. Additionally, the activation energy for grain growth (E) 
helps define the grain growth behavior of sintered materials during the isothermal hold [128].   
The model of diffusion-based sintering is based on the shrinkage from the rate of approach from two 
spherical particles through diffusion into the neck region, show in Figure 2.2 [130, 131]. When cylindrical 
dies are used, shrinkage can be assumed to occur mainly in the direction parallel to the applied force 
[128]. When sintering there are some identifiable stages of the sintering process: activation of the powder, 
collapse of pores, growth of the sintering neck, densification through diffusion, and bonding [132]. 
Necking is the first morphological change that occurs, and particles expand in specific regions, similar to 
the growth of elongated “necks,” and is caused by the geometric amplification of pressure on interparticle 
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contacts points [113, 130, 131, 133]. The evolution of the structure of neighboring spheres as the 
temperature increases is shown in Figure 2.2.  
 
 
Figure 2.2: Growth of sintering neck (images b-e) and two-spheres shrinkage model used to simulate 
sintering kinetics [131].   
 
At the necking contact points, the applied stress is amplified, causing elongation of the particles. In 
SPS/FAST, an electric field and pulsed DC current are then applied. The applied current will find the path 
of least resistance through the material, which will be through the contact points at the necking regions. 
As the current is pulsed further, diffusion begins to dominate as densification occurs, and the necking 
points provide the highest rates for diffusion because the contact points allow for the highest temperature. 
The current impacts mass transport by decreasing the incubation time for this processes and advancing the 
kinetics. The current can alter the defect concentration and defect mobility within the powder [113, 116, 
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130, 131]. Depending on the material being processed (conductive or non-conductive), the current may or 
may not flow through the sample.  
After this initial mass transport phase, densification begins. In the densification phase, grain boundary 
diffusion occurs, at the necking points. Mass transport continues for some time, enhanced at the grain 
boundaries. Grain boundary sliding is controlled by the movement of dislocations along the grain 
boundaries. The applied pressure aids in the densification of material and assists in particle rearrangement 
and increasing grain boundary sliding [130, 133]. The pressure introduces stress-assisted diffusion which 
enhances densification. The stress collapses pores and causes particle rearrangement [123].  Diffusion 
occurs on the surface, in the bulk, and along grain boundaries. Surface diffusion is the most important 
mass transport mechanism while necking is occurring. In tungsten nanoparticles, the activation energy for 
surface diffusion is thought to be lower than the activation energy for bulk diffusion [123].  
For densification to occur, the system desires to reduce the free surface energy associated with 
individual particles. This driving force increases with smaller particles due to their intrinsically high 
surface free energy. Activated sintering increases the surface free energy and lowers the grain boundary 
energy which increases the driving forces for densification, and decreases the activation energy, thus 
enhancing the mass transport and densification kinetics [113]. When sintering nanoparticles, the large 
particle surface area increases the densification driving force. Also, the decreased particle size can lead to 
an increase in the sintering rate due to their high activation [123].  
In the final phase of sintering, further pore shrinkage and grain growth occur. Shrinkage occurs due to 
vacancy migration to grain boundaries and free surfaces [130, 131]. Grain growth is a thermally activated 
mechanism in which the total grain boundary energy is minimized by reducing the grain boundary 
volume. Pores become more isolated to grain boundaries and rapid grain growth can occur, depending on 
the maximum temperature and holding time.  
Table 2.1 (reproduced from [134]) shows the sintering stages for metals and the associated 
micrographs show the microstructures at various stages during sintering [135].  
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Stage Microstructural Features Relative Density Range 
Initial Rapid inter-particle neck growth Up to ~0.65 
Intermediate Equilibrium pore shape with 
continuous porosity 
~0.65-0.90 




Table 2.1: Microstructure and densities associated with stages of sintering [134].  
 
 
Figure 2.3: Micrographs illustrating progression of grain structure during sintering at different 
temperatures [135]. As the temperature increases (a-f), the particles coarsen into grains, these grains 
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2.3 Sintering of Nano-grained Tungsten and Other Metals   
In this work, sub-micron sized powders (both tungsten and transition metal carbides) were used to 
consolidate samples. While sintering of these types of powders occurs with similar processes to those 
mentioned in Section 2.2, brief reviews of sintering nanopowders and tungsten are offered.  
 
2.3.1 Sintering Nanopowders 
Many studies have been done on the sintering of nano-sized metal powders, with tungsten and with 
other metals. Production of bulk nano-crystalline materials is complicated by the intrinsically high surface 
free energy of the nanoparticles and rapid grain growth they experience at low temperatures. As 
mentioned above, stages of sintering have been observed while sintering nanopowders [132]. Zhaohui et 
al. identified the following stages during sintering of nanocrystalline copper: activation of powder, 
formation of necks, densification, grain pore collapse [132]. In nanocrystalline copper with 43 nm grains, 
a lower activation energy for grain growth is observed as compared to microcrystalline copper, and grain 
growth is observed at 100 C [136].    
SPS is favorable because the low process temperatures allow for the minimization of grain growth 
due to the temperature being below the material recrystallization temperature and a short dwell time. This 
can allow for control of the final microstructure (small grains) after starting with nano-sized powders of 
various types [117, 137-140]. Smaller particles have been shown to lower the sintering temperature even 
more. Sintering of nanoparticles using SPS allows for the lowest sintering onset temperature [123]. For 
particles of diameter <100 nm, the onset of sintering temperature is inversely proportional to the particle 
size [123]. Fine-grained samples sintered at lower final temperatures can achieve full densification similar 
to coarse powders [139].  
 
2.3.2 Sintering Tungsten 
As mentioned before, the processing of tungsten is complicated due to its high melting point and low 
recrystallization temperature. Two approaches have been developed to create nanocrystalline tungsten 
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materials: top-down and bottom-up. In the top-down approach, a consolidated material is altered post-
creation to modify the microstructure. One common example is severe plastic deformation [71]. The 
bottom-up approach uses powder consolidation techniques such as spark plasma sintering described 
above.  
Conventional sintering of tungsten required the use of very high temperatures (>2000 C) and long 
holding times (>20 hours), which led to non-fully-dense and coarse-grained materials [128]. With SPS, 
the required sintering time is drastically reduced and the microstructure can be controlled. To elucidate 
the sintering mechanisms of tungsten, experiments have been done to determine the activation energy and 
grain growth activation energy.  
The activation energies determined by Z. Gao et al. indicate that the dominant mass transport 
mechanism in tungsten below 1500 C is grain boundary diffusion. Z. Gao et al. also determined the grain 
growth activation energy, and determined that grain boundary diffusion also governed grain growth 
behavior above 1600 C [128].  
Densification in tungsten is slower than other metals, but still achievable. Cho, et al. achieved >90% 
density with W powder sintered at 1750 C, with the sample density increasing as the applied pressure 
increased [141]. Groza, et al. have observed >90% dense tungsten samples fabricated from 4 micron 
powder sintered at 2300 C [113]. El-Atwani, et al. achieved ~93% dense samples upon consolidation of 1 
micron powder at only 1300 C [70]. S. Deng et al. systematically studied temperature effects on sintering 
of tungsten. Sintering 1 um powder under 40 MPa pressure, densification occurred at 1200-1400 C, while 
grain growth without enhanced densification was observed above 1500 C [135].  G. Lee et al. have 
studied the effect of hold time on sintering of tungsten powder. Sintering of micron-sized W powder at 60 
MPa and temperatures of 1600-1800 C, the highest densities (~95%) were observed with long hold times 
(30-60 minutes); however, the final grain size twice as large as the starting powder [133].  Finally, S. 
Chanthapan, et al. achieved >94% dense samples after sintering of sub-micron powder at 2000 C for 5 
minutes. This result also shows sample hardness increases with increasing sintering temperature due to 
the associated increase in density. It is also recognized that larger powder particles require a higher 
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sintering temperature to achieve similar density as a sample fabricated from smaller powder particles 
[142].  
Sintering of tungsten nanopowders has been extensively studied by Z. Fang, et al., corroborating the 
notion that nanopowders can be successfully sintered at lower temperatures than coarse powders. It was 
shown that nearly full densification of 50 nm tungsten powders was achieved at temperatures as low as 
1100 C under 240 MPa pressure [143]. The ability to sinter tungsten nanopowder at such low 
temperatures (1100 – 1300 C at 54 MPa) is attributed to the high activity and surface free energy of the 
powders [144].   
Sintering of tungsten alloys with SPS has also shown promise and the ability to achieve >90% 
density. S. Chanthapan, et al. have observed reduced sintering temperature and grain size after addition of 
WC particles, as well as an increase in hardness and densities near 99% [142]. Tantalum-carbide 
dispersion-strengthened tungsten with <1 wt. % has been sintered to ~97% density after holding at only 
1800 C for 1 minutes [105]. Similarly, Z.M. Xie, et al. have achieved ~98% dense samples of ZrC-
strengthened tungsten after sintering at 1800 C and 50 MPa for 2 minutes [145]. I. Charit developed 
optimized parameters for the sintering of W-Re alloys [146]. Sintering sub-micron powders at 1800 C for 
0-30 minutes under 42.4 MPa pressure resulted in >95% relative densities and grains 5-15 um in size. 
Finally, tungsten samples strengthened with 1.0 wt. % TiC have been achieved with 98.6% density after 
sintering at 1800 C for 2 minutes [91].  
 
2.4 Sintering in this work 
In this work, tungsten powders with TiC, ZrC, and TaC dispersoids were created via spark plasma 
sintering at UIUC. The sintering parameters, given in Chapter 3, were chosen to ensure the desired 
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CHAPTER 3: EXPERIMENTAL PROCEDURES 
 
Production of tungsten samples was carried out at UIUC through spark plasma sintering of 
powders. The following section describes sample creation and techniques used for modification and 
analysis of samples.  
 
3.1 Powders 
The starting material in the process was sub-micron metal powders. High purity tungsten (99.9% 
purity), zirconium carbide (99+% purity), and tantalum carbide (99+% purity) powders were supplied by 
US Research Nanomaterials (Houston, TX). Titanium carbide powder (99% purity) was purchased from 
Nanostructured and Amorphous Materials, Inc. (Houston, TX). The average particle sizes for the 
dispersoids of investigation, ZrC, TiC, and TaC, were 20-40 nm, 80-130 nm, and 1 um, respectively. The 
average particle size of tungsten powder was 500 nm. The particle sizes given above are the 
manufacturer-given size.  
Prior to sintering, powders were mixed in a polyethylene vial with 3mm diameter yttria-stabilized 
zirconia media (Inframat Advanced Materials) in a 3:1 ball-to-powder ratio. Separate vessels and media 
were used for the different powders to limit cross contamination. Powders were mixed using a U.S. 
Stoneware mixer and mixed at 107 RPM for at least 12 hours.    
 
3.2 Spark Plasma Sintering 
Sintering was carried out in a Dr. Sinter SPS-615 produced by Fuji Electronic Industrial Company, a 
photograph of which is given in Figure 3.1.  
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Figure 3.1: Spark Plasma Sintering device at UIUC [147]. 
 
Powders were loaded into a die assembly for sintering. The dies and punches were made of high-
strength graphite, supplied by Cal-Nano (CalNano Corp., Cerritos, CA). The dies, punches, graphite 
paper, and felt used are in Figure 3.2.  
 
Figure 3.2: Graphite felt, paper, dies, and punches used during sintering [147]. 
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In a custom die design, a 21.4 mm inner diameter die and 20 mm diameter punches were used. Three 
layers of graphite foil were placed along the inner diameter of the die to allow for room for the compact to 
expand without fusing to the inner part of the die. Also, 3 circular pieces of graphite foil were inserted 
between the punches and the powder prior to compaction. The graphite foil was used to prevent the 
powder from fusing to the die or punch to facilitate easy removal of the sample.  
The powder was placed in the die in between the punches and loaded into the SPS. Carbon felt was 
placed around the die to reduce heat loss.  
 
Figure 3.3: Carbon felt wrapped around die, showing hole in which pyrometer measures temperature.  
 
The Dr. Sinter SPS device operates by providing a pulsed direct current to joule heat the die, punches, 
and sample. A 12:2 on:off pulse ratio was used for compaction and the temperature and pressure profiles 
can be set on the device. The die was loaded into the SPS by placing it in the center of two graphite 
spacers and lightly pressing the spacers together to apply a 3 kN force, shown below. The chamber is then 
sealed and pumped to a pressure below 4 Pa. 
  47 
 
Figure 3.4: Graphite die placed in SPS machine between graphite spacers.  
 
The chamber was evacuated to a base pressure of <4 Pa as monitored by a Pirani gauge. The chamber 
was then back-filled with Ar (99.99% purity, AirGas) to ambient pressure. Then, the chamber was re-
pumped to <4 Pa, and subsequently re-filled with Ar to a pressure slightly below ambient for sintering. 
Argon gas was used to provide an inert atmosphere for sintering. The temperature during sintering was 
monitored with an optical pyrometer that is positioned to monitor the temperature through a small hole in 
the die to provide a more accurate representation of the sample temperature. However, the measured 
temperature is still less than the sample temperature, as the distance between the sample and edge of the 
hole is ~ 1 mm.  
Sintering parameters were chosen to minimize grain growth and maximize density. Maximum 
temperature, hold time, heating rate, and applied pressure are the main variables that affect the final 
product.  
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3.3 Bulk Characterization of Samples 
Consolidated samples were removed from the SPS after reaching room temperature and removed 
from the die by pressing them out with an arbor press. The end product of the samples was a disc ~20 mm 
in diameter. The thickness of samples varied depending on the amount of powder added, but was typically 
2-4 mm. At the high temperatures, the carbon foil and tungsten reacted to form tungsten carbide on all the 
surfaces. This is shown in Figure 3.5.  
 
Figure 3.5: Consolidated specimen immediately post-sintering. 
 
Electric discharge machining was performed at the UIUC MechSE Machine Shop to remove the 
carbon-ized layer on the surfaces. Four hundred microns was cut off of the top and bottom of each sample 
to remove the tungsten carbide layer. Also, no edges of the consolidated samples were used in 
experiments, as specimens for experimentation were cut from the middle of the consolidated samples 
only. Samples for experiments were cut into 10mm diameter discs for experiments.   
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3.3.1 Polishing and Etching 
After the carbide layer was removed from the surface of samples, specimens for experimentation 
were polished using a MetaServ 250 (Buehler, Lake Bluff, IL) using Buehler SiC polishing pads from 
240 to 2500 grit. Next, samples were polished with 9 um MetaDi diamond suspension, 3 um MetaDi 
diamond suspension, and 0.05 um MasterPolish alumina suspension for 5 min each to achieve a mirror 
finish. All polishing pads and suspensions were supplied by Buehler.   
After polishing samples, portions of specimens were etched with Murakami’s Reagent. Etching with 
Murakami’s Reagent preferentially etches the grain boundaries of tungsten and etched surfaces can then 
be used to calculate the grain size of the specimen. Three grams of KOH pellets were dissolved in 30 mL 
of DI water to first make a KOH solution. Then, 3 g of potassium ferricyanide was dissolved in the KOH 
solution to create Murakami’s Reagent. Tungsten samples were immersed in the reagent for ~60 seconds 
to etch the surface. After immersion, samples were rinsed with DI water and alcohol and dried with a 
KimWipe.  
 
3.3.2 Density of Consolidated Samples 
Archimedes’ Principle was used to estimate the density of consolidated specimens. A density 
determination kit from Fischer Scientific was used for these measurements. Specimens were weighed 10 
times dry and 10 times immersed in water. The density of specimens was the estimate via the following 
equation.  
! = #$%%&'(#$%%&'(-#$%%*+,   (1) 
From these measurements the average density was calculated. These values were compared with 
the theoretical alloy densities that were calculated using the equation below.  
!
"#$$%&
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     (2) 
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In the above equation, x is the mass fraction of the given material (A or B) and r is the density of 
the material. The densities of metals used were 19.3 g cm-3 for W, 6.6 g cm-3 for ZrC, 4.9 g cm-3 for TiC, 
and 14.5 g cm-3 for TaC.  
 
3.4 Microstructural Analysis 
3.4.1 Scanning Electron Microscopy 
A scanning electron microscope was used to image the powders and consolidated specimens. Both a 
JEOL 7000F Analytical SEM and Hitachi S4700 SEM were used for analysis, and were operated at 
various accelerating voltages to optimize image quality. Secondary electron imaging and backscatter 
electron imaging techniques were both used. Also, energy dispersion X-ray spectroscopy (EDS) was 
performed in the SEM to map the distribution of tungsten and dispersoids in consolidated samples and to 
verify the composition of nanopowders. EDS was performed with a 5-20 kV accelerating voltage to 
capture multiple spectral lines of each element on both the powders and the consolidated specimens.  
For SEM analysis of powders, a small amount of powder (<1 g) was dissolved in ~5 mL of methanol 
and then placed in a sonicator. A drop of the solution was then placed on carbon tape, left to dry, and 
blown off with a compressed air gun before being inserted into the SEM. SEM was performed on the as-
received powders and the milled powders. 
SEM micrographs of consolidated and etched specimens were used to estimate the grain size. The 
line-intercept method was used to estimate the grain size. On each micrograph used, 30 straight lines (15 
vertical and 15 horizontal) were overlaid the image in ImageJ. The number of grain boundaries crossing 





  51 
3.5 Compositional Analysis 
3.5.1 X-Ray Diffraction Analysis 
X-ray diffraction was performed on both the metal powders and the consolidated specimens to 
determine phases and structure. For XRD analysis of powders, a Siemens Bruker D5000 Diffractometer 
was used operating at 40 kV and 30 mA. Diffraction patterns were collected from 10-120 degrees 2-theta, 
using a 0.02 degree step and a 2 degree per minute scan speed.  
For XRD of consolidated specimens, a Philips X’Pert 2 Diffractometer was used operating at 45 kV 
and 40 mA. Diffraction patterns were collected from 10-120 degrees 2-theta, using a 0.05-degree step and 
a 0.0375 degree per second scan speed. Both instruments use Cu K-a x-rays with a wavelength of 0.154 
nm.  
Analysis of diffraction patterns was carried out in Jade XRD Analysis Software. Using the software, 
the lattice parameters a of planes can be calculated for each pattern. Each diffraction spot is indexed by 
Miller Indices (h, k, l) and the d-spacing (d) can be calculated via Bragg’s Law, given below.  
! = #$%&'(   (3) 
The lattice parameter a can then be calculated via equation below.  
! = # ℎ% + '% + (%     (4) 
The (110) diffraction peak was used to calculate the lattice parameter to compare against 
theoretical estimates. The lattice parameters of W, ZrC, TiC, and TaC used were given in Table 1.1. 
Peaks were fit with Pseudo-Voigt function with known instrument broadening of 0.27 degrees.  
 
3.5.2 SIMS Analysis 
Secondary Ion Mass Spectroscopy (SIMS) was performed on samples post-exposure to high flux 
plasmas. SIMS is a depth profile technique in which a high energy ion bombards the surface of interest 
causing surface material to be sputtered. This ejected surface material is collected by a mass spectrometer 
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and the mass-to-charge ratio is recorded. As the surface is continually sputtered, a depth profile of the 
sample surface is obtained.  
SIMS analysis was performed with a Phi Trift-III TOF SIMS system. Sputtering was done in 30 
second intervals with an O2 beam at 2 keV, at a current of 2.8x10-7 A, with a raster size of 800 um.  
 
3.6 Mechanical Properties Tests 
3.6.1 Hardness Testing 
Vickers hardness tests were performed on specimens after polishing. A Leitz Wetzlar microhardness 
tester with a diamond tip was used. A load (either 500g or 200g) was applied for 25 seconds to all 
specimens before measuring the diagonal lengths of the indent d. Fifteen indents at random locations on 
the specimens were performed. The equation below was used to calculate the hardness (in Vickers 
Hardness value).  
!" = 1854.4 ∗ *+,--.      (6) 
In the above equation, d is the length of the diagonal created in the sample after indenting with a 
Vickers tip. 
Nanoindentation was also performed on consolidated specimens after polished. A Bruker 
Hysitron TriboIndentor 950 with a Berkovich diamond tip was used to perform the indents. A quasi-static 
triangle load was applied with a linearly increasing load from 1,000 uN to 10,000 uN load, as shown in 
Figure 3.6. Nine indent locations, spaced by 10 um, were done in a 3x3 grid on the sample surface. At 
each indent location, 20 indents were made.  
 
Figure 3.6: Load function used for nanoindentation analysis. 
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 Nanoindentation was used to measure the hardness and modulus of samples. During indentation, 
a tip causes elastic and plastic deformation which causes an impression to some depth. The load P is 
tracked and the displacement of the tip is recorded. The hardness of the sample is determined by dividing 
the peak load (Pmax) by the contact area of the tip A, as shown in the equation below.  
! = #$%&'      (7) 
 The displacement is also tracked during unloading, which can be used to extract information 
about the modulus. The slope of the unloading curve S at the initial part of unloading can be used to 





)     (8) 
 In the above equation, b is a fitting parameter determined during calibration of the instrument. 








   (9) 
 In the above equation, u is the Poisson’s ratio of the sample and tip, as indicated. A Poisson’s 
ratio of 0.283 (pure W) was used for the sample, while Etip is 1140 GPa and utip is 0.07 [148].  
 G. Abadias et al. performed nanoindentation on tungsten films, determining the Young’s modulus 
to be ~400 GPa and the hardness to be ~7 GPa [149], a result mirrored by D.J. Armstrong, et al [150].   
 
3.7 Ion Irradiations 
3.7.1 IGNIS Facility  
Irradiations carried out at UIUC were conducted in the Ion Gas Neutral Interactions with Surfaces 
(IGNIS) chamber.  The IGNIS chamber is an ultra-high vacuum surface modification and analysis 
facility, shown below.  
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Figure 3.7: CAD rendering of the IGNIS facility at UIUC. 
 
Figure 3.8: Photograph of the IGNIS facility at the University of Illinois showing various modification 
and analysis devices attached.  
  55 
The chamber is pumped with 3 roughing pumps and 6 turbomolecular pumps to routinely reach 
pressures of 1.0x10-8 Torr. Instruments of interest attached to the chamber are the sample manipulator, a 
Gen IV plasma source, an x-ray source, a hemispherical energy sector analyzer, a high pressure residual 
gas analyzer (RGA), and a focused ion source. The sample manipulator (UHV Design) is made of 
stainless steel and can tilt samples to any angle, heat the sample to 800 C, and bias the sample to 100 V. 
The samples manipulator can monitor the ion current on the sample surface in real time to give an 
accurate reading of the flux to appropriately calculate the ion fluence.  
 
3.7.1.2 Modification Sources 
Attached to IGNIS is a Tectra Gen IV plasma source (Tectra GmbH, Frankfurt Germany) that is used 
for irradiations. This source is a broad beam source with a beam width of 4 cm, that can be used with inert 
gases as well as reactive gases such as He, D, H, and O. The source has an energy range from 250 to 2000 
eV and delivers ion currents varying from 15 uA to 60 uA depending on the energy and gas species. The 
working distance from the source to the sample is 25 cm.  
 
Figure 3.9: Image of Tectra GenII Plasma Source [151]. 
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The Tectra operates in a dual gird setup that is designed to extract ions and direct them to the sample. 
The upper housing of the source is the magnetron in which microwaves at 2.45 GHz frequency are 
generated and then subsequently guided down a waveguide to a alumina cup. The gas is fed in through a 
capillary tube to this alumina cup, and a plasma is excited in the cup’s volume as the gas absorbs the 
microwaves. At the open end of the cup are two grids that are used for ion extraction. The grids have a 
number of holes and are made of molybdenum. The first grid is biased positive and is used to set the 
desired ion energy for irradiation. The second grid is biased negative and is used to collimate the ions and 
provide control [152]. This source was used for all irradiations in IGNIS.  
In this work, all samples were exposed to 500 eV D2 ions at a flux of ~1.1-1.3x1018 m-2s-1 at room 
temperature to a fluence of 1x1021 m-2. 
 
3.7.1.3 Analysis Techniques 
Attached to IGNIS is a specially designed hemispherical energy sector analyzer, the PHOIBOS EP 
150 (Specs, Berlin Germany), and its associated x-ray source, the XR 50 X-Ray source (Specs).  
 
Figure 3.10: Cut-away schematic of the XR-50 X-ray source [153]. 
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The XR 50 X-ray source is a dual anode source with Mg and Al anodes that is used for in-situ XPS 
analysis of samples in IGNIS. Therefore, specimens do not need to be removed from UHV conditions 
before performing surface analysis. The source is differentially pumped so XPS analysis can be 
performed at pressures above the maximum operating limit of the source. Selection of the power and 
anode of the source is controlled with the UXC 1000 Control Box (Specs). High voltage (tens of kV) are 
generated in the source and heat up a tungsten filament which emits electrons. These electrons are then 
directed towards the anode which is coated with two films and Cu and Mg. These anodes give off 
characteristic radiation in the K-a 1 and 2 lines, at 1253 eV for Mg and 1486 eV for Al. An aluminum 
window is placed on the end of the source to suppress Brehmsstralung radiation and prevent stray 
electrons from the filament from reaching the analyzer. X-rays then hit the sample and excite 
characteristic lines in the sample dependent on the sample elemental composition. When the sample is 
excited by the x-rays, electrons are emitted at characteristic energies and are collected by the analyzer 
[153]. 
The analyzer is a spectrometer designed to capture and resolve the energy of electrons or ions 
emanating from the sample surface. The working distance between the sample and analyzer is 3 cm. A 
photograph of the sample-analyzer working distance in the chamber is shown below.  
 
Figure 3.11: Photograph of the 3 cm working distance between sample and analyzer. 
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The analyzer is differentially pumped to allow for the sample to be at mTorr pressures while the 
interior of the analyze is maintained at UHV conditions. There are two differential pumping stages and a 
third turbomolecular pump near the detector. Two apertures separate the differential pumping stages. The 
front iris aperture primarily limits the flux of electrons to the analyzer. The rear aperture size can be 
varied to change the pressure between the differential pressure stages. The pressure at the detector needs 
to be kept below 3.75x10-6 Torr during operation of the analyzer.  
 
Figure 3.12: Cut-away schematic of analyzer and detector [154]. 
 
During operation, charged particles are emitted from the sample and enter the analyzer’s lens system. 
These charged particles have a wide energy and angular distribution which are then focused by the 
electrostatic lenses and directed towards the energy filter. The entrance slit is used to further restrict the 
angular distribution of electrons allowed to the detector. A wide slit allows a lot of electrons through, but 
offers poor energy resolution. After passing through the entrance slit, electrons then enter the 
hemispherical part of the analyzer. The two concentric spheres of the analyzer are biased to allow only 
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electrons with a particular energy range to pass through, as shown below. Electrons are the correct energy 
(the pass energy) pass through to the filter. Electrons with too high or too low of an energy will be 
rejected. Electrons with the correct energy leaving the exit slit enter the detector [154].  
 
3.7.2 High Flux Irradiations 
 High flux H and He irradiations were carried out at the Magnum-PSI facility at the Dutch 
Institute for Fundamental Energy Research (DIFFER) in Eindhoven, the Netherlands.  
In ITER, the minutes-long plasma shots combined with transient Edge Localized Modes (ELMs) 
will deliver fluences and damage to the wall that no current tokamaks can mimic. In order to simulate the 
environment in the divertor region of a tokamak, the Magnum-PSI facility was constructed.  The 
Magnum-PSI facility (shown in Figure 3.13) is a linear plasma device capable of delivering high flux 
(1025m-2s-1) ions at low energies (<50 eV) to material surfaces to simulate the divertor environment in a 
tokamak. A cascaded arc plasma source generates a high density plasma (1019 m-3) with electron 
temperatures (measured via Thomson Scattering) of 0.1 – 10 eV. The samples are biased to set the 
incident particle energy, and the particle flux allows for a steady-state peak heat flux of 10 MWm-2. The 
samples are heated via ion bombardment and temperature is controlled via water cooling. Sample 
temperature is monitored with IR camera and pyrometer [155, 156]. 
In addition to steady-state ion bombardment, the Magnum-PSI facility can also simulate ELMs by 
providing a pulsed arc discharge to deliver heat fluxes of 0.1-0.15 GWm-2 100 times per second. This 
delivers a transient particle load with increased flux for 0.7-1.5 ms. A transient heat flux can also be 
provided by pulsing a high powered Nd:YAG laser to deliver a 1 ms pulse with a heat flux parameter of 
50 MWm-2s1/2 to raise the temperature near the melting point of tungsten with a 25 Hz frequency. These 
plasma parameters allow for Magnum-PSI to provide the most accurate representation of the ITER 
divertor compared to other linear plasma devices, as shown the Figure 3.14 [156]. Thus, Magnum-PSI 
offers an ideal testing facility for exposing tungsten to high heat and particle fluxes to study surface 
damage and particle retention mechanisms.  
  60 
 
Figure 3.13: Schematic of the Magnum-PSI facility [155]. 
 
 
Figure 3.14: Plasma parameters of the Magnum-PSI facility and other linear plasma devices as compared 
to the expected conditions in the ITER divertor [156].  
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 In this work, samples were exposed to high flux H plasmas, sequential high flux H/He plasma, or 
sequential He/H plasmas. Table 3.1 summarizes the irradiation conditions.  








W-0.5ZrC 1.81x1023 1.08x1026 N/A N/A 45 ~315 
W-1.0ZrC - - 1.48x1023 8.9x1024 45 ~400 
W-1.0ZrC 1.4x1023 8.4x1025 1.9x1023 1.1x1025 35 ~350 
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CHAPTER 4: CHARACTERIZATION OF TUNGSTEN ALLOYS 
 
4.1 Powder Analysis 
The average size of the tungsten powder was 500 nm. An SEM micrograph of the powder is shown 
below.  
 
Figure 4.1: SEM micrograph of 500nm W powder. 
 
The particle sizes are between 200 and 800 nm, with some agglomeration observed. Analysis of 
multiple micrographs and counting of 100 particles yielded an average size of 381±155 nm.  
Similar analysis was carried out for the zirconium carbide, titanium carbide, and tantalum carbide 
powders. SEM micrographs of these powders are shown below. The ZrC powder is 20 nm in size and the 
TiC only 100 nm in size, and showed significant agglomeration. Therefore, no attempts to estimate the 
average size of these powder particles were made.  
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Figure 4.2: SEM micrographs of powders a) 100 nm TiC; b) 20 nm ZrC; c) 1 um TaC, clockwise 
from top left. 
 
For the TaC powder, as with the W powder, faceting is observed with clear, well-defined particles. 
Particle sizes vary from sub-100nm to a few microns. However, the majority of particles are near 1 um in 
size.   
X-ray diffraction patterns of these powders are shown below. The powders did not show any phases 
other than what was expected, with the vertical red lines showing the positions of the expected peaks in 
each pattern.  
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Figure 4.3: Diffraction patterns of a) TaC; b) ZrC; c) TiC; d) W powders. The large background seen in 
some patterns is likely due to a new sample holder that was used for analysis of those powders. 
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Based on the positions of the peaks in the patters, the lattice parameters of the powders can be 
calculated. Table 4.1 summarizes the calculated lattice parameters with comparison to the theoretical 
values.  
Powder Calc. Lattice Parameter Theor. Lattice Parameter % Error 
W 3.1650 3.164 0.031 
ZrC 4.6885 4.698 0.202 
TiC 4.3145 4.328 0.312 
TaC 4.4611 4.455 0.137 
 
Table 4.1: Calculated and theoretical lattice parameters for given powders. 
 
From Table 4.1, all of the powders analyzed had lattice parameters that agree quite well with 
theoretical values. The slight differences can be attributed to their small size and intrinsic strain which can 
cause slight shifts in the diffraction patterns. Thus, the powders are pure and are a good starting material.  
Tungsten powder was then mixed with the desired weight percent of alloying element, placed in a 
polyethylene canister and milled for at least 14 hours with yttria-stabilized zirconia media. The ball-to-
powder ratio used was 4:1. SEM micrographs below show tungsten powder after milling for 14 hours 
with a 4:1 BPR without any second phase added.  
The micrograph shows flattening of the powder particles and a reduction in size. From the 
micrographs above, there is a clear change in the particle surface morphology. Before milling, the 
particles have sharp edges and appear faceted. There is also some agglomeration, but individual particles 
about 500 nm in size are clearly distinguishable. After milling, there are few clear, defined faces on the 
powder particles. The surfaces appear rougher and are less uniform in size and shape. There are many 
small particles (~40 nm) combined with larger particles (>1 um). Thus, the exact starting particle size 
prior to sintering is not 0.5 um, but is a distribution from tens of nanometers to microns.  
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Figure 4.4: SEM micrograph of W powder after milling in a 4:1 BPR. Reduction in size and 
flattening observed.  
 
Milling mixes the powders together and may enhance the sinterability by decreasing the size and 
increasing the surface energy of the particles which helps drive sintering. The x-ray diffraction pattern of 
the W powder taken pre- and post-milling is shown below.  
 
Figure 4.5: Diffraction patterns of W powder before and after milling. 
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After milling, only W peaks are present and identifiable, and no other phases are present. This shows 
that a significant amount of impurities were not picked up during the milling process. 
 
4.2 Consolidation and Analysis of Samples  
4.2.1 Spark Plasma Sintering  
Spark plasma sintering was used to consolidate powder after milling. Recipes were chosen based on 
an extensive literature review. The pressure chosen (60 MPa) was on the low end compared to other 
fabrication methods, but most sintering of tungsten done with a graphite die was done with a pressure 
between 45 and 75 MPa. The heating rate of 100 C/min was observed in many references, and was chosen 
for our experiments. A maximum temperature of 1800 C was chosen, which again is a value comparable 
to other studies (typically 1600 C – 2100 C). Finally, the hold time was chosen to be 3 minutes at 1800 C. 
This is comparable to other studies as well. However, the change in our sintering recipes was the removal 
of a long hold at an intermediate temperature. This hold is typically done to “burn off” impurities, and can 
be at ~1100-1300 C for 10-20 minutes. Samples were sintered with two different recipes: one without a 
hold at 1200 C, and one with a hold at 1200 C.  
For all samples, the die was loaded and the pressure ramped up to 50 MPa in 2 minutes. Once it 
reached 50 MPa, the pressure would remain constant at that value. Then, the current is applied and the 
temperature begins to ramp up. However, the pyrometer cannot register a temperature below 573 C. The 
temperature was ramped from room temperature to 573 K in about 10 minutes. Once the temperature 
reached 600 C, the temperature was ramped at the nominal 100 C/min. The temperature was ramped to 
1200 C, at which point it was either held for 20 minutes or passed on through to 1800 C. The final ramp 
was up to 1800 C before the 3-minute hold and furnace cool back down. When the hold was done, the 
pressure and current were turned off, and the sample allowed to cool. Figure 4.6  shows sample pressure 
and temperature profiles during sintering. The total sintering time for a sample was ~45 minutes. 
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Figure 4.6: Temperature and pressure curves of the SPS system during sintering. 
 
Table 4.2 below summarizes the samples fabricated and the corresponding weight, atomic, and 
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Sample Weight % Atomic% Vol.% 
W-0.5ZrC 0.5 0.267 1.43 
W-1.0ZrC 1.0 0.564 2.83 
W-5ZrC 5 2.87 13.17 
W-10ZrC 10 5.87 24.25 
W-1.1TiC 1.1 0.33 4.2 
W-5TiC 5 1.54 17.17 
W-10TiC 10 3.21 30.44 
W-1.1TaC 1.1 1.15 1.45 
W-1.9TaC 1.9 1.99 2.5 
W-5TaC 5 5.23 6.5 
W-10TaC 10 10.44 12.81 
 
Table 4.2: Sintered samples with corresponding weight, atomic, and volume percent of second phase. 
 
4.2.2 Density 
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Sample Density (g cm-3) Relative Density (%) Porosity (%) 
Pure W 17.98 ± 0.18 93.13 ± 0.93 6.87 
W-0.5ZrC 17.83 ± 0.43 93.32 ± 2.26 6.68 
W-1.0ZrC 17.52 ± 0.25 92.26 ± 1.34 7.74 
W-5.0ZrC 16.91 ± 0.38 96.06 ± 2.14 3.94 
W-10ZrC 17.22 ± 0.48 104.88 ± 2.90 N/A 
W-1.1TiC 17.19 ± 0.19 92.05 ± 1.01 7.95 
W-5.0TiC 17.19 ± 0.47 102.31 ± 2.59 N/A 
W-10TiC 14.97 ± 0.37 100.10 ± 2.48 N/A 
W-1.1TaC 17.39 ± 0.25 90.50 ± 1.32 9.50 
W-1.9TaC 17.40 ± 0.15 90.32 ± 0.79 9.68 
W-5.0TaC 17.14 ± 0.13 90.30 ± 0.67 9.70 
W-10TaC 16.90 ± 0.16 90.49 ± 0.85 9.51 
 
Table 4.3: Densities, relative densities, and porosity percent of consolidated samples. 
 
Figure 4.7 gives a graphical representation of the density and relative density of samples.  
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Figure 4.7: Box and whisker plot of density and relative density of samples. 
 
There is no clear trend in relative density, with most samples being 89-93% dense, and clearly lower 
than tungsten’s theoretical density of 19.3 g/cm3. As more carbide powder is added in, the final density 
drops because of their intrinsically lower density. However, at 5 and 10 wt.% of ZrC and TiC, the 
measured relative density was greater than 100%. These values are the average of 10 measurements using 
Archimedes’ Principle. This result could be due to the inaccuracies in measuring density with 
Archimedes’ Principle (mainly that is assumes interconnected porosity) or some carbide powder is 
preferentially lost during milling or sintering (i.e. sticking to the milling canister), resulting in a decreased 
weight percent than initially anticipated.  
All samples were sintered with the same parameters (temperature, pressure, and hold time), so it is 
not unusual for all samples to have similar relative densities. This shows that the sintering parameters, and 
not powder composition, have a larger impact on consolidated sample density.  
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The TaC-strengthened samples have the lowest relative densities out of all samples (~90% dense). 
This may be due to the TaC powder having the largest initial size (1 um, vs. <500 nm for all other 
powders). Smaller powders are easier to sinter and enhance densification, so sintering a larger powder 
with the same parameters may have led to a less-dense sample. Similarly, the ZrC-strengthened samples 




Porosity is an important parameter in the discussion, as it will influence the microstructure and 
mechanical properties. Porosities were calculated by subtracting the relative densities from unity. In 
micrographs of the samples, fractures and pores are clearly visible on the surface. Individual grains do not 
always contact their neighbors, as well, as there is often a small bit of space between adjacent grains, 
introducing some porosity. Also, there are divots in the surface, making the surface not completely flat. 
The pores and non-flat regions are illustrated in the micrographs in Figure 4.9 below, especially so in the 
back-scatter images.  
Cracks were not only present on the surface of the samples, but also percolated down into the bulk of 
the samples, contributing voids and pores within the sample. This is best illustrated with cross-sectional 
images of the samples after ion milling in the FIB-SEM showing sub-surface cracks shown in Figure 4.8.  
 
 
Figure 4.8: Micrograph showing cracks beneath the surface of a pure W sample. 
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Figure 4.9: SEM micrographs showing porosity in W-10ZrC, W-1.0ZrC, and W-1.9 TaC, clockwise 
from top left. 
 
4.2.4 Grain size and particle distribution 
The average grain size of consolidated samples is given in Table 4.4, with the error being one 
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Sample Avg. Grain Size (um) Avg. Size 2nd Phase (um) 
Pure W 11.13 ± 3.06 N/A 
W-0.5ZrC 7.21 ± 1.58 1.87 ± 0.65 
W-1.0ZrC 6.66 ± 1.74 0.97 ± 0.46 
W-5.0ZrC 8.17 ± 2.16 2.24 ± 1.17 
W-10ZrC 4.13 ± 1.74 2.28 ± 1.29 
W-1.1TiC 7.40 ± 1.66 2.17 ± 1.22 
W-5.0TiC 2.08 ± 0.78 0.53 ± 0.23 
W-10TiC 1.07 ± 0.18 0.60 ± 0.24 
W-1.1TaC 10.88 ± 2.84 2.22 ± 1.34 
W-1.9TaC 9.07 ± 3.57 2.66 ± 1.01 
W-5.0TaC 5.82 ± 1.57 1.95 ± 1.43 
W-10TaC 3.68 ± 1.46 1.68 ± 1.09 
 
Table 4.4: Grain size and second phase particle size measured in samples. 
 
The box and whisker plot below gives a graphical representation of the grain size distribution.  
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Figure 4.9: Box and whisker plot of grain size distribution of samples. 
 
The micrographs given below show the line intercept method that was used to determine the grain 
size.  
 
Figure 4.10: Vertical and horizontal lines overlaid on a W-1.0ZrC sample to display the line intercept 
method. 
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From the micrographs of the samples with low percentages of second phases, it is clear that the grains 
are micron-sized and irregularly shaped: few grains have sharp, straight boundaries. Also, there are many 
small grains present in between larger grains, as pointed out in the micrographs below.  
 
Figure 4.11: Micrograph of W-1.0ZrC and W-1.1TiC showing dispersed second phase particles 
primarily at grain boundaries. 
 
In the above images, there are micron-sized grains with a sub-micron-sized grain sandwiched in 
between. In some cases, these smaller grains are the second phase particles. The second phase particles 
can be clearly seen in many micrographs, appearing as black grains, while the tungsten grains appear gray 
after etching. In the micrographs above, arrows indicate the presence of second phase particles.  
In the samples strengthened with higher amounts of second phase particles, the grain structure is 
significantly different. In these samples, there are much larger grains of the second phase particles, and 
more evenly distributed throughout the sample. This is shown in the micrograph below showing a W-
10ZrC sample, with the dark grains being Zr-rich regions.  
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Figure 4.12: Micrograph of W-10ZrC sample showing uniform distribution of Zr-rich grains. 
 
In zirconium carbide-strengthened samples, distinct ZrC grains are present. These grains typically 
occur in between W grains, but there are some ZrC-rich regions within tungsten grains. In the 1.0 and 0.5 
wt.% samples, the ZrC grains are few and far between, with some Zr-rich regions appearing within 
tungsten grains. This is shown in the micrographs and EDS scans below, with the green coloring 
corresponding to tungsten and red zirconium.  
 
Figure 4.13: Micrographs of W-1.0ZrC sample showing Zr-rich grains (black). 
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Figure 4.14: Micrograph and corresponding EDS map showing distribution of Zr in the tungsten 
grains. 
 
The micrographs above show a distribution of ZrC grains in the predominantly tungsten matrix. Most 
of the ZrC grains occur intergranularly, however there are some Zr-rich regions within tungsten grains. 
The size of these second-phase regions depended on the amount of ZrC added. The 1.0 and 0.5 wt.% 
samples had average second phase particles of 0.97 ± 0.45 um and 1.87 ± 0.65 um.  
In the 10 wt. % sample, large ZrC grains are visible and frequent and regularly interspersed with the 
tungsten grains. The composition of the surface can be mapped with EDS to map tungsten and zirconium-
rich regions. These maps are shown below.  
 
Figure 4.15: Micrograph and corresponding EDS map showing tungsten grains in grain and Zr 
regions in red. 
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In the W-10ZrC sample, few cracks and voids were observed on the surface, and this increased 
densification was confirmed in cross-sectional images showing no cracks between grains in the sub-
surface. Also, the cross-sectional micrograph below shows that the ZrC dispersoids were present 
throughout the bulk of the sample.  
 
Figure 4.16: Micrograph showing subsurface of W-10ZrC sample displaying Zr-rich grains 
distributed homogenously throughout. 
 
Zirconium carbide grains are visible after etching and are typically of much smaller size than tungsten 
grains. The average size of ZrC grains in the W-10ZrC sample is 2.28 ± 1.29 um, slightly smaller than the 
tungsten grains (average size 4.13 ± 1.74 um).  
Based on the grain sizes of the ZrC-strengthened samples (W-0.5ZrC: 7.21 ± 1.58 um, W-1.0ZrC: 
6.66 ± 1.74 um, W-10ZrC: 4.13 ± 1.74 um), it is clear that ZrC inhibits grain growth during sintering as 
an increased amount of ZrC results in a finer final grain size.  
Titanium-carbide strengthened samples demonstrated similar grain structures. Like the ZrC-
strengthened samples, small Ti-rich regions are present in between W grains, as shown in the micrographs 
below.  
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Figure 4.17: Micrograph of W-1.1TiC showing small Ti-rich regions in black. 
 
These Ti-rich regions do not generate cracking or add any deleterious effects on the tungsten matrix, 
as shown in the micrograph below.  
 
Figure 4.18 Micrograph of TiC grain in tungsten matrix. 
 
 These Ti-rich regions in the W-1.1TiC samples are primarily intergranular, with an average size 
of 2.13 ± 1.22 um.   
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 In the samples alloyed with higher concentrations of TiC, large Ti-rich grains are observed 
widely interspersed with tungsten grains, as shown below.  
 
Figure 4.19: Micrograph of surface of W-5.0TiC sample. 
 
Figure 4.20: EDS map of surface showing tungsten in red and titanium in green. 
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 A clear reduction in the grain size is observed, with increased TiC second phase particles 
inhibiting the growth of tungsten grains. The EDS scans (given below) indicate the presence of Ti and W 
in the dark regions, potentially due to the formation of Ti-W complexes. However, formation of Ti-W 
complex would need to be investigated with a more sensitive method to make any definitive conclusions 
about this process. 
 
 
Figure 4.21: Micrograph and corresponding EDS spectrum at selected point of W-5.0TiC sample. 
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 Thus, as more TiC was added, more Ti-rich second phase regions were observed and the overall 
grain size was reduced.  
 Finally, tantalum carbide additions had a similar effect on the microstructure. In the samples with 
1.1 and 1.9 wt.%, very few Ta-rich regions were observed, as shown in the micrographs below.  
 
Figure 4.22: Micrographs of W-1.1TaC sample showing a Ta-rich region at a grain boundary. 
 
 The small, darker regions represent Ta-rich regions, which is better illustrated in the 5.0 and 10 
wt.% samples. The regions appear to be concentrated at grain boundaries and triple junctions, with little 
to none of them appearing within tungsten grains.  
  In the higher TaC concentration samples, more Ta-rich regions were observed, confirmed by EDS 
analysis of the surface.  
 
Figure 4.23: Micrograph of W-5TaC sample. 
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Figure 4.24: Micrographs and EDS spectra of W-10TaC sample. 
 
 When a spectrum is taken in a Ta-rich region versus a W-rich region, an increased C and O 
concentration is observed in the Ta-rich region. The presence of carbon is to be expected, as the starting 
powder was TaC. The presence of oxygen indicates that tantalum oxides may be forming in these regions, 
and not accumulating in the tungsten grain boundaries. 
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On average, these Ta-rich regions are more numerous and larger than in the low weight percent 
samples. Correspondingly, the average tungsten grain size is smaller. Additionally, Ta-rich second phase 
particles appear not only at grain boundaries but also within tungsten grains.  
 
Figure 4.25: Micrograph showing TaC dispersoids intergranularly (blue arrows) and 
intragranularly (black arrows). 
 
In the micrograph above, Ta-rich regions are observed both intergranularly (blue arrows) and 
intragranularly (black arrows). This demonstrates that the TaC dispersoids may not solely accumulate at 
grain boundaries to coarsen the tungsten matrix.  
 
4.2.5 X-Ray Diffraction Analysis 
X-ray diffraction was performed on consolidated samples after polishing to a mirror finish to 
examine the phase composition of samples. The diffraction patterns for various samples are presented in 
the plots below, grouped by weight percent of added carbide. 
 

























Figure 4.26: X-ray diffraction patterns of consolidated samples showing the progression from pure W 
phases to tungsten carbide and transition metal oxide phases. 
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In samples fabricated with pure W powder, only BCC tungsten phases are observed, as expected 
as the starting powder consisted of only those phases. This is also encouraging, because it shows that 
there was limited diffusion of carbon from the graphite die and spacers into the tungsten powder during 
the sintering process, which could have introduced tungsten carbide phases.  
In the 0.5 and 1.0 wt.% ZrC samples, it is clear that the main peaks present are BCC-tungsten 
peaks. This makes sense as 1.0 wt. % is not a high enough concentration for XRD to identify the presence 
of ZrC. In these samples, there is no indication of formation of tungsten carbide via a reaction between 
ZrC and W to form WC or WwC. Also, there was not significant oxidation during sintering, as there are 
no tungsten oxide peaks present. The lack of oxide peaks may indicate that the ZrC captured the 
impurities in the tungsten (O, N, etc.) and helped purify the grain boundaries and prevented the formation 
of tungsten oxides. In these samples, the case can be made that the W and ZrC remain more or less 
separate, with no clear interaction between the two constituent powders.  
In the 5.0 and 10 wt.% samples, however, a significantly different diffraction pattern is observed. 
The main peaks present are still BCC-tungsten, but there are many other smaller peaks present as well. 
Notably, there are peaks present associated with zirconium, zirconium carbide, and tungsten carbide (WC 
and W2C). From a phase-identification perspective, it is clear that there was a reaction occurring between 
the ZrC and the tungsten powder to somewhat dissociated the zirconium and carbon and form some 
tungsten carbide. It is unclear if these reactions are also occurring in the 0.5 and 1.0 wt.% samples and are 
just not visible with XRD at low concentrations, or if there is a critical concentration of ZrC necessary for 
these reactions to occur.  
Similar behavior is observed with the TiC-strengthened samples. At low TiC concentrations (1.1 
wt.%) only BCC-tungsten phases are identifiable. However, as the TiC content increases, tungsten 
carbide (W2C) and titanium oxide (TiO6) are visible. The diffraction patterns of these two compounds 
overlap closely, making separating their presence difficult. Nonetheless, the diffraction pattern indicates 
that the TiC and tungsten powders are reacting during sintering to form mixed compounds and not 
remaining separate. There is a stronger presence of tungsten carbide than titanium oxide.  
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For TaC-strengthened samples at 5.0 and 10 wt.%, clear tantalum oxide phases are observed, 
along with tungsten carbide and tungsten. These Ta2O5 phases are more distinct than other oxide phases 
observed in samples strengthened with other carbides, indicating that the TaC powder was more likely to 
separate into Ta and C and form complexes with impurity oxygen atoms.  
 
4.2.6 X-ray Photoelectron Spectroscopy 
To further the impurity analysis, XPS was performed on consolidated specimens in the IGNIS facility 
both with and without argon sputter cleaning of the surface. Survey scans and region scans were done 
with a 50 eV pass energy on all samples with a Mg anode. The results below show the XPS scans after 
sputter cleaning with 1 keV Ar ions for 5 minutes at 45-degree incidence. The cleaning is done to clean 
off absorbed oxygen and carbon atoms from the surface.  
After cleaning, primarily the W-10TiC, W-10ZrC, and W-10TaC samples were examined 
because those samples would offer the most complex chemistry with different phases and surface 
composition, as demonstrated in the XRD diffraction patterns.  For low-weight-percent samples, no 
transition metal peaks were observed. Therefore, the heavy-weight-percent samples were analyzed more 
extensively.  
The W_4f region offers a look at the tungsten-rich chemistry. This doublet can be de-convolved 
into a number of peaks, metallic tungsten, tungsten carbide, and two tungsten oxide phases as shown in 
the plot below. This occurs for all of the heavy-weight-percent alloys, as well as for the low-weight-
percent alloys. However, the presence of the tungsten carbide on the surface is enhanced for the heavy-
weight-percent alloys, which is to be expected, as more transition metal carbides were added to begin 
with.  
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Figure 4.27: XPS scan of the W_4f region in 10 wt.% samples showing a complex surface composition.  
 
Although the starting powders were pure tungsten, it is clear that the sample chemistry no longer 
consists of pure, metallic tungsten, as both tungsten carbide and oxide phases are forming, at least on the 
surface. 
Analysis of the O_1s and C_1s regions (presented in Figure 4.28) in the heavy-weight-percent 
alloys also offers insightful information. In the C_1s region scan, complex peaks are observed that are de-
convolved into C-C, C-O, W-C, and C-O-C bonding. These spectra show that there is a clear tungsten 
carbide phase and limited transition metal carbides left after sintering. The strongest tungsten carbide 
presence was observed in the W-10TaC sample, corroborating the XRD data showing that most to all of 
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the TaC decomposed into Ta2O5 and W2C. Little to no peaks attributed to ZrC, TiC, or TaC were 
observed, further supporting the idea that these bonds were broken during sintering.  
In the O_1s region scans, primarily C-O (designated O_1s in Figure 4.28) bonds are observed, 
although slight shoulders of metal oxides can be observed at lower binding energies. These may be 
attributed to either tungsten oxide or second phase (Zr, Ti, or Ta) oxides as all of these compounds have 
XPS peaks in the O_1s region within ~0.2 eV of one another. For the Ti-alloyed sample, it is unclear if 
this metal oxide is tungsten oxide or titanium oxide. For the tantalum and zirconium alloyed samples, 
there is discernable difference between the tungsten oxide peak and both the ZrO2 and Ta2O5 peaks. 
However, this is most likely metal oxide formation on the sample surface, as well as C-O bonds that are 
not simply surface absorbed oxygen and carbon because the argon sputter cleaning procedure how been 
effective on tungsten surfaces in the past. 
 
Figure 4.28: XPS scans of the C_1s (left) and O_1s (right) regions in 10 wt.% samples.  
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The presence of transition metal oxides is confirmed through analysis of the Ti_2p, Zr_3d, and 
Ta_4f regions. The sepctra below show the evolution of the corresponding peaks as the weight percent of 
the added second phase increases.  
 
Figure 4.29: XPS scans of the Ti_2p (left) and Zr_3d (right) regions in indicated samples.  
 
In both the Zr- and Ti-alloyed samples, a clear progression from no measurable metal to clear 
peaks are observed. In the Ti-alloyed samples, the 5 wt.% sample shows indications of the presence of Ti 
phases, but the spectra is too noisy to extract useful data. In the 10 wt.% sample, a clear doublet is 
observed. However, as compared to metallic Ti_2p peaks, the peaks present in these samples are shifted 
to higher binding energies indicating the formation of oxides. As such, the peaks shown above can be de-
convolved into an assortment of metallic Ti, titanium (II) oxide (TiO), titanium (III) oxide (Ti2O3), and 
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titanium (IV) oxide (TiO2). This XPS data corroborates the XRD data showing the formation of titanium 
oxide phases.  
A similar result is observed for the Zr-alloyed samples. As the weight percent of ZrC is increased, 
a clear Zr peak is observed. In the 0.5 and 1.0 wt.% samples, no Zr_3d peaks can be resolved. In the 5 and 
10 wt.% samples, the Zr_3d region shows a clear peak consisting of slight metallic Zr and 
overwhelmingly ZrO2 phases. This presence of ZrO2 on the surface reinforces the XRD data showing the 
presence of Zr and ZrO2 phases.  
 
4.3 Conclusions 
Tungsten alloys were fabricated with 0.5-10 wt.% of ZrC, TiC, or TaC via spark plasma sintering. 
Nanopowders were sintered to 1800 C to create >90% dense tungsten samples, with TaC-strengthened 
samples having the lowest average relative density and TiC-strengthened samples having the highest 
average relative density.  
The added second phase was dispersed randomly in the tungsten matrix, primarily at grain 
boundaries but also intra-granularly, forming distinct second phase regions. As more second phase 
powder was added, the final grain size of consolidated samples was reduced an order of magnitude, from 
~11 um in a pure tungsten sample to ~1 um in the W-10TiC sample. This grain size reduction may be 
attributed to the small-dispersed second phase particles that inhibited tungsten grain growth during 
sintering. These second phase particles remained separate from the tungsten during and after sintering, 
forming distinct, smaller grains and dispersoids at grain boundaries and within tungsten grains.  
The compositional analysis via XRD and XPS work in tandem to show that the added transition 
metal carbides (ZrC, TiC, TaC) disintegrate during sintering to form tungsten carbide and transition metal 
oxides (zirconium oxide, titanium oxide, tantalum oxide). The capturing of oxygen by the added second 
phase is desired as this is the mechanism proposed to purify the tungsten grain boundaries to enhance the 
ductility of the alloyed samples. Therefore, the formation of transition metal carbides may enhance the 
ductility of tungsten alloys. However, during the decomposition of the transition metal carbides, tungsten 
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carbide phases are formed. This may be detrimental to the mechanical properties as tungsten carbide is 
intrinsically more brittle than tungsten. Thus, there is a trade-off between the capturing of impurity 
oxygen atoms and formation of tungsten carbide that must be balanced to enhance the mechanical 
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CHAPTER 5: MECHANICAL TESTING OF TUNGSTEN ALLOYS 
In order to further characterize the microstructure of consolidated samples, basic mechanical 
testing was done in the form of micro- and nano- hardness testing. Also, a recrystallization study was 
performed on samples alloyed with 0.5-1.0 wt.% ZrC to observe if the addition of the small amounts of 
second phase ZrC would inhibit recrystallization.  
 
5.1 Hardness Tests  
Both Vickers microhardness and nanohardness tests were performed on consolidated samples 
after polishing to a mirror finish. In the nanoindentation procedure, the Young’s moduli of samples were 
also determined. The plot below shows a typical load-displacement curve obtained during 
nanoindentation tests.  
 
Figure 5.1: Typical load-displacement curve for indent scheme in nanoindentation. 
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Table 5.1 lists the hardness (mHV for Vickers microhardness and nHV for nanoindentation 
hardness) for all samples. 
Sample mHV (HV500) nHV (GPa) 
ITER-W 429.27 ± 11.49 8.19554 ± 2.60829 
Pure W 321.83 ± 8.55 8.44959 ± 2.88963 
W-0.5ZrC 276.51 ± 9.06 5.74198 ± 2.27844 
W-1.0ZrC 250.59 ± 14.86 5.74198 ± 2.27844 
W-5.0ZrC 291.27 ± 17.81 5.88792 ± 2.55035 
W-10ZrC 426.46 ± 29.19 5.88792 ± 2.55035 
W-1.1TiC 289.56 ± 18.60 7.4265 ± 2.73745 
W-5.0TiC 576.08 ± 28.55 7.4265 ± 2.73745 
W-10TiC 975.22 ± 77.80 12.02291 ± 7.47695 
W-1.1TaC 258.42 ± 17.39 7.80943 ± 2.814 
W-1.9TaC 273.85 ± 14.52 7.61251 ± 2.55519 
W-5.0TaC 526.92 ± 58.39 23.70939 ± 24.03244 
W-10TaC 975.95 ± 153.50 9.24461 ± 2.30682 
 
Table 5.1: Microhardness and nano-hardness data of all samples. 
 
The box and whisker plot below shows the hardness distribution for each sample as indicated.  
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Figure 5.2: Box and whisker plot showing distribution of micro-hardness values. 
 
Nanoindentation is a surface sensitive technique that can probe the surface from depths of ~20-200 
nm. The nano-hardness values as a function of contact depth (averaged over 18 indents at each depth) for 
all samples is shown in the plot below.  
 
Figure 5.3: Nano-hardness as a function of contact depth for all samples. 
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In comparison to an ITER-reference tungsten sample (also polished to a mirror finish), the sintered 
pure tungsten and low-weight percent alloys are all less hard than the ITER tungsten. The ITER-W is a 
commercially manufactured product, of which the fabrication mechanisms have been optimized. 
Therefore, the relative density of this material is ~99%. Also, this variety of tungsten has elongated grains 
directed perpendicular to the sample surface, an alignment chosen to enhance the thermomechanical 
properties. Therefore, it may be expected that this grade of tungsten has a higher hardness than the spark 
plasma sintered tungsten.  
The microhardness tests offer few conclusions in the low weight percent alloys. Comparing the 
sintered pure tungsten to the samples alloyed with <2.0 wt.% ZrC, TiC, or TaC, the pure tungsten sample 
has the highest hardness, most likely attributed to its greater relative density. Increased porosity can tend 
to decrease the measured hardness.  
For ZrC-strengthened samples, little effect is seen between adding 0.5 and 1.0 wt.%, with the 
hardness actually decreasing as the ZrC content increases from 0.5 to 1.0 wt.%. However, this is most 
likely due to the increased porosity observed in the W-1.0ZrC sample. Even up to a 5 wt.% addition of 
ZrC, the hardness value is less than that of the pure tungsten, indicating that ZrC addition may have little 
effect on altering the mechanical properties. This is confirmed with nanoindentation studies as the ZrC-
strengthened samples all have lower nano-hardness values throughout all contact depths as compared to 
any of the other samples. When 10 wt.% ZrC was added, then a significant effect was observed. The 
microhardness increases ~64%, and the nanohardness at all contact depths also increases. This hardening 
effect may be due to the smaller grain size and significant addition of an intrinsically hard material (ZrC).  
A similar effect is observed with both TiC and TaC. In small amounts, the effect of adding the second 
phase is negligible, as the nano- and micro- hardness values are unchanged or slightly decreased 
compared to pure tungsten. However, as 5 and 10 wt.% are added, the hardness values drastically 
increase. The highest nanoindentation hardness values were observed on the W-10TaC sample, and both 
the W-5.0TaC and W-5.0TiC samples had micro-hardness values greater than that of the W-10ZrC 
sample, indicating that TiC and TaC had more of a strengthening effect on the consolidated samples than 
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ZrC. As the TiC and TaC content is increased from 5 to 10 wt.%, the hardness increases even more. The 
highest hardness values are observed on both the W-10TaC and W-10TiC samples. The large spread of 
hardness values observed for the W-10TaC sample may be due to agglomerations of the hard tungsten 
carbide phase in parts of the sample. However, the exact cause is under investigation.  
This result is expected, as an intrinsically hard material was added to the tungsten matrix in a large 
amount, and has been seen by other researchers in the past [80, 105, 145]. Thus, there could be a 
strengthening effect from the introduction of second phase particles. Second phase particles at grain 
boundaries are able to pin dislocation movement and suppress grain boundary sliding, which can result in 
a stronger material. Also, as noted previously, as increased TaC and TiC were added, the grain size of the 
samples decreased. Many materials, tungsten included, adhere to the well-known Hall-Petch relationship, 
in which a decreasing grain size leads to an increased hardness value. The reduced grain size increases the 
grain boundary density and, like the introduction of second phase particles, is able to pin dislocation 
motion to strengthen the material. The familiar Hall-Petch relationship is demonstrated in the plot below, 
showing the microhardness values plotted against the inverse square root of grain size. The observed 
linear relationship indicates a Hall-Petch-type relationship.  
 
Figure 5.4: Hardness as a function of grain size, demonstrating the Hall-Petch relationship of 
hardness increasing as the grain size decreases. 
  99 
The addition of TaC, TiC, or ZrC did not cause an increase the sample hardness until 5.0 and 10 wt.% 
were added to tungsten. At that point, the hardness increases dramatically, as measured both by Vickers 
microhardness and nanoindentation. This increase in hardness corresponds with a decrease in the grain 
size. The outlier in Figure 5.4 is the W-10TaC sample that had 3.68 µm-sized grains, but one of the 
highest Vickers hardness values. This may be due to the enhanced formation of the very hard tungsten 
carbide phase that didn’t inhibit grain growth, but did affect the hardness.   
 
5.2 Recrystallization 
In order to investigate the effect of second phase particle addition on the microstructure, a 
recrystallization experiment was performed on samples alloyed with 0.5 and 1.0 wt.% ZrC. We wished to 
observe if the presence of ZrC within the tungsten matrix would inhibit recrystallization or limit the 
recrystallization-induced hardening and embrittlement.  
Four samples (one each of W-0.5ZrC, W-1.0ZrC, Pure-W, and Commercial W) were annealed at 
1000 C, 1200 C, 1400 C, and 1600 C for 60 minutes. The heating rate to the final temperature was 10 
C/min. The commercial tungsten sample was a control sample cut out of a commercially bought tungsten 
rod from Cleveland Tungsten Co. The annealing was conducted in a tungsten element, vacuum furnace at 
Oak Ridge National Lab. Post-annealing analysis was conducted with Electron Backscatter Diffraction in 
the SEM and micro-hardness testing with a 200g load. 
 The microhardness values of all annealed samples is given below as a function of annealing 
temperature. The dashed horizontal lines indicate the baseline, non-annealed hardness value of 
corresponding samples.  
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Figure 5.5: Vickers hardness values (HV200) as a function of recrystallization temperature for commercial 
tungsten and tungsten alloy samples.  
 
Figure 5.5 shows that the commercially bought tungsten sample underwent reduced hardening as the 
annealing temperature increased, with the HV200 value decreasing from 473.2 ± 8.49 in the un-annealed 
case to 364.6 ± 9.46 when annealed at 1600 C. The tungsten alloy samples did not undergo a similar drop 
in hardness, instead holding at a relatively constant hardness value from the un-annealed case to the 
sample annealed at 1600 C. This demonstrates the tungsten alloys with low weight percentages of added 
ZrC may offer increased recrystallization resistance as compared to pure tungsten. Recrystallization 
inhibition is significant as increase recrystallization tolerance can allow for the material to maintain its 
fine grain size and mechanical properties at elevated temperatures.  
This result is in slight contrast to Z.M. Xie, et al. who showed that W-0.5ZrC alloys began 
recrystallization at 1300 C, with full recrystallization occurring at and above 1600 C [157]. However, in 
their study, higher temperatures were examined, and complimentary micrographs were obtained.  
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5.3 Conclusions  
 The effect on the mechanical properties of adding 0.5-10 wt.% TiC, TaC, or ZrC to tungsten 
samples was studied via hardness testing and recrystallization studies. Hardness studies via Vickers 
micohardness and nanoindentation showed that significant hardening was only observed when the amount 
of added second phase was 5.0 or 10 wt.%. At 0.5-2 wt.%, no measurable impact on the hardness was 
observed. This effect can be attributed to the significant addition of an intrinsically hard second phase, 
second phase particle strengthening to pin dislocation movement, and grain size reduction resulting in a 
Hall-Petch relationship.  
Tungsten samples alloyed with 0.5 and 1.0 wt.% ZrC, along with a commercially bought tungsten 
sample, were annealed at various temperatures from 1000 C to 1600 C for 60 minutes to study the 
recrystallization behavior. While the tungsten alloy samples had an intrinsically lower hardness initially 
than the commercial tungsten sample. these alloys did not show a drop in hardness as the recrystallization 
temperature increased. The commercial tungsten sample did show a steady drop in hardness as the 
recrystallization temperature increased. This result may indicate that tungsten alloys may offer a greater 
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CHAPTER 6: EXPOSURE TO LOW ENERGY ION IRRADIATION 
 
Ion irradiations were performed on samples to examine their stability under ion bombardment similar 
to that of a fusion reactor environment. These were done to examine the surface chemical and 
topographical stability under irradiation, as well as the particle retention mechanics of these tungsten 
alloys.  
 
6.1 Low Flux Irradiations 
Low flux deuterium ion irradiations were performed in the IGNIS facility at UIUC. All samples were 
exposed to 250 eV/amu D2 ions at normal incidence and room temperature up to a fluence of 1x1021 m-2. 
XPS scans were taken in-situ before and after exposure to D ion irradiation.  
 
6.1.1 Surface Chemistry Under Irradiation 
The XPS data shows little changes before and after D irradiation, indicating surface chemistry 
stability. This shows that under low fluence exposures, the starting surface composition of the sample 
remains constant throughout the 1x1021m-2 fluence. No species preferentially migrate to the surface or are 
sputtered under D ion irradiation.  
The spectra below show the W_4f, C_1s, and O_1s regions of the heavy-weight-percent samples 
before and after ion irradiation. The heavy-weight-percent samples were chosen for this analysis because 
they consisted of the most complex chemistry pre-irradiation.  
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Figure 6.1: XPS spectra of the W_4f regions of 10 wt.% samples before and after 1x1017 ion irradiation. 
 
 Analysis of the post-irradiation W_4f region shows few changes compared to the unirradiated 
case. The doublet can still be de-convolved into metallic tungsten, tungsten carbide, and tungsten oxide 
peaks. For the W-10TiC and W-10TaC samples, the metallic tungsten peaks are slightly enhanced, 
indicating that the D2 irradiation may have had a cleaning effect. However, there is no clear increase in 
the tungsten oxide peaks, indicating that the tungsten-rich complexes on the surface pre-irradiation are 
stable under low flux irradiation. 
 The carbon and oxygen regions, presented below, show more significant changes post-irradiation 
than the tungsten region.  
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Figure 6.2: XPS spectra of the O_1s regions of 10 wt.% samples before and after 1x1017 ion irradiation. 
 
 
Figure 6.3: XPS spectra of the C_1s regions of 10 wt.% samples before and after 1x1017 ion irradiation. 
 
The O_1s region scans given above show that both before and after irradiation the oxygen peak 
can be de-convolved into a C-O bond and a WO3 bond. Small ZrO2 and Ta2O5 peaks were observed before 
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irradiation in the W-10ZrC and W-10TaC samples, but these phases are no longer identifiable after 
irradiation. These compounds may be chemically restructured into tungsten oxide under irradiation with 
reactive species, contributing to the slight increase in the WO3 peak intensity after irradiation. However, 
as a whole, the O_1s peak remains relatively unchanged before and after low flux irradiation. 
 The C_1s region showed the most significant changes when examined after 1x1017 D2 irradiation. 
For the W-10ZrC sample, the C_1s peak initially consisted of C-C, C-O, W-C, and Zr-C bonds, with C-C 
and C-O bonds dominating the spectrum. After irradiation, the W-C and Zr-C bonding is no longer 
observed, as C-C bonds dominate. This may indicate that W-C and C-O bonds are unstable in ZrC-
alloyed samples, and a reorganization of the bonds occurs. The W-C and C-O bonds are broken, which 
then recombine into W-O and C-C bonds.  Only slight W2C phases were observed in XRD diffraction 
patterns presented earlier, so any small amount of W-C bonds present may have been broken and 
restructured under D irradiation.   
 In the W-10TiC sample, the spectrum before irradiation consists of C-C, C-O, C-O-C, W-C, and 
Ti-C bonds, with W-C and C-C bonds dominating the deconvolution. After irradiation, the W-C bond is 
still significant, however the C-O bond represents the second major component. This may indicate that 
the C-C bonds in the tungsten-titanium samples can be easily re-arranged into C-O and W-C bonds, 
indicating that the surface may not be stable under D irradiation, and D ions are able to drive surface 
chemistry changes for the carbon, tungsten, and titanium bonding.  
 The W-10TaC sample displayed the most chemical stability before and after irradiation. The 
same bonding complexes are observed in both cases, with W-C and C-C bonds dominating. The only 
modification is an increase in the C-O peak intensity and corresponding decrease in the C-O-C peak 
intensity after irradiation. This may indicate that the D irradiation had a cleaning affect. Interestingly, Ta-
C bonds were observed both before and after irradiation, while Ti-C and Zr-C bonds were not 
significantly observed in other samples.  However, this result clearly shows that the TaC-alloyed samples 
were the most chemically stable under low flux irradiation.  
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Figure 6.4: XPS spectra of the Zr_3d (left) and Ti_2p (right) regions of 10 wt.% samples before and after 
1x1017 ion irradiation. 
 
In the Zr- and Ti-alloyed samples, some changes are observed in the Ti_2p and Zr_3d regions. The 
spectra presented below are the post-irradiation spectra of indicated samples. In the W-10ZrC sample, 
there is a clear reduction in the metallic zirconium peak intensity post-irradiation, as no more shoulder at 
low binding energies is present. This indicates that the D irradiation drove residual oxygen atoms on the 
surface to combine with metallic zirconium to form zirconium oxide. The increase ZrO2 peaks reinforces 
the diminishment of C-O bonds seen in the C_1s spectra post-irradiation. Carbon-oxygen bonds may have 
been broken by the incident ions, and the resulting free oxygen atoms combined with zirconium atoms 
and the free carbon atoms combined with other carbon atoms. This result indicates that the surface 
chemistry of ZrC-alloyed samples may not be stable under D irradiation.  
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When compared to the pre-irradiation spectra presented in Chapter 4, it is clear there is little 
difference in the Ti_2p spectra, indicating that titanium oxide phases persist and are stable under 1021m-2 
D ion irradiation. There is an increase in the intensity of the metallic titanium peak intensities, perhaps 
attributed to Ti-C bonds. This would reinforce the observation of Ti-C bonding observed in the C_1s 
spectrum after irradiation. The break-up of C-C bonds during irradiation may have culminated in the 
formation of Ti-C and C-O bonds, driving the appearance of Ti-C bonds and C-O bonds in the C_1s 
spectrum, as well as the enhancement of the metallic titanium peaks in the Ti_2p spectrum. Overall, the 
chemistry of the titanium bonds before irradiation is relatively constant throughout a low flux, low 
fluence irradiation. However, surface chemistry rearrangement is observed, indicating that unstable Ti-
bonds are present at the surface that can be altered during low energy irradiation. 
 
6.1.2 Surface Morphology Under Irradiation 
The surface microstructure was also examined after exposure to low flux irradiation. The bulk of the 
sample surface was free from any surface structuring: no blisters, ridges, or pores.  
 
Figure 6.5: Surface of W-5TiC sample post-irradiation free of widespread surface structuring.  
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However, in a few regions, some roughness and nano-structuring is observed only after irradiation. 
These regions are typically observed in cracks or pores in the surface, beneath the polished, flat surface. 
The presence of these cracks in the surface is attributed to the slight porosity of the samples. These are 
shown in the micrographs in Figure 6.6.  
 
Figure 6.6: Micrographs of W-5TiC and W-10TaC samples showing nanostructures in the cracked 
regions of the surface. 
 
These structures may be driven by non-fully sintered powder particles that are not fully formed into 
grains in the subsurface region. These non-fully compacted particles may be easily displaced by the 
bombarding ions and form structures.  
The nanostructures are only formed in surface cracks, complicating spectroscopic analysis. However, 
based on the greyscale differences in the micrographs provided by the Z-contrast in the SEM, it was 
observed that these nanostructures in both W and second phase particle-rich regions. This is shown in the 
micrograph below of W-10TaC showing structures in both the dark and light regions, the W and Ta 
regions respectively.  
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Figure 6.7: Nanostructures on W-10TaC sample in Ta-rich region. 
 
 In samples alloyed with low weight percentages, some structuring is also observed. These 
samples are >98% tungsten by volume, and sub-surface structuring is observed in regions in which no 
second phase regions are near. In the micrograph below, the W-1.0ZrC sample shows structuring in the 
region beneath the all-tungsten surface in this region of the sample. 
 
Figure 6.8: Nanostructures in the cracked surface region of W-1.0ZrC sample. 
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 The formation of nanostructures is not expected, nor desired. As indicated in Chapter 1, there is a 
fluence threshold for structure formation under D irradiation that is orders of magnitude higher than the 
exposure fluence studied in this work. This work does not suggest that the fluence thresholds for 
nanostructure formation on bulk tungsten need to be shifted down to lower fluences. However, this work 
does show that tungsten alloys and/or non-fully densified tungsten materials show nanostructure growth 
in cracks and pores before occurring on the surface. This may have implications for tests with fully 
porous samples in irradiation environments and emphasizes the importance of making samples as dense 
as possible to limit the formation of any nanostructures at low fluences. 
 
6.2 High Flux Irradiations 
 Three samples were exposed to H and sequential H/He plasmas at the Magnum-PSI facility in the 
Netherlands. The irradiation conditions are given below, reproduced from Table 3.1.  








W-0.5ZrC 1.81x1023 1.08x1026 N/A N/A 45 ~315 
W-1.0ZrC - - 1.48x1023 8.9x1024 45 ~400 
W-1.0ZrC 1.4x1023 8.4x1025 1.9x1023 1.1x1025 35 ~350 
 
Table 6.1: Irradiation conditions of samples exposed at Magnum-PSI, reproduced from Table 3.1. 
 
6.2.1 Surface Chemistry Post-Irradiation 
 After irradiation, samples were removed from the Magnum-PSI facility and transported to UIUC. 
Then, XPS was performed in the IGNIS facility. The data presented below of high-flux-irradiated samples 
is post-Ar cleaning of the surface.  
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Figure 6.9: XPS spectra of the W_4f region of tungsten alloys exposed to high flux plasmas, with 
unexposed reference spectra above.  
 
 After exposure to high flux plasmas, the W_4f region remains a summation of metallic tungsten, 
tungsten carbide, and tungsten oxide peaks. The high flux exposure to H and/or He plasmas did not cause 
significant changes in the surface chemistry. In the W-0.5ZrC sample, prior to exposure there is 
significant contribution from the tungsten carbide and tungsten oxide bonds. However, after irradiation, 
there is a slight enhancement of the metallic tungsten bonds, perhaps indicating that the high flux 
irradiation had a cleaning effect on the surface. In the W-1.0ZrC samples, little discernable difference is 
observed, indicating surface composition stability.  
 In the O_1s region scans presented above, C-O (denoted O_1s in Figure 6.10) and W-O bonds are 
observed both before and after irradiation. The H irradiation did not drive a formation of tungsten oxide 
phases, nor deplete the C-O bonding complexes on the surface. Irradiation with H and He resulted in 
similar final chemistry as a pure H irradiation, although the H->He irradiation resulted in a clear decrease 
in tungsten oxide peak intensity.  
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Figure 6.10: XPS spectra of the O_1s region of tungsten alloys exposed to high flux plasmas, with 
unexposed reference spectra above.  
 
 
Figure 6.11: XPS spectra of the C_1s region of tungsten alloys exposed to high flux plasmas, with 
unexposed reference spectra above.  
 
 As with the low flux irradiations, the C_1s region offers a wealth of information about the surface 
chemistry. Prior to irradiation, C-C, C-O, C-O-C, and W-C bonds are all prevalent in the W-0.5ZrC 
sample. In the W-1.0ZrC sample, C-C bonding dominates. After high flux irradiation, there is a clear 
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enhancement of the W-C bonding in all samples, with the overall peak profile clearly consisting of two 
separate peaks. In the samples exposed to pure H plasma and He->H plasmas, C-C and W-C bonds 
contribute to the total spectra. The lack of a significant C-O bond contribution in the C_1s spectra 
corroborates the O_1s spectra showing no clear increase in the C-O bond intensity post-irradiation.   
In the sample exposed to H->He plasmas, C-O and W-C bonds dominate. The prevalence of the 
C-O bonding in the C_1s spectrum post-irradiation corroborates the enhancement of the C-O bonding in 
the O_1s spectrum. This may indicate that the He irradiation (with no H irradiation afterwards) broke W-
O bonds, leading to the enhancement of C-O and W-C bonds. This may indicate that He irradiation may 
be a driving factor in surface chemistry changes, and the effects of a pure He irradiation (to be studied in 
the future) would offer important information. 
No C-O-C bonding was observed in any sample post-irradiation, potentially indicating that 
complex, less stable surface bonds did not persist under high flux irradiations. However, it is clear that the 
high flux irradiations drive a change in the nature of the carbon on the surface. The W-C bond 
contribution changes from a slight shoulder at low binding energies to a clear, discernable peak post 
irradiation. This affect may not be observable in the W_4f region spectra due to the numerous bonds that 
can contribute to that peak profile. The possible formation of tungsten carbide phases by ion irradiation is 
not a desired effect, as the surface no longer resembles the original chemistry. Additionally, tungsten 
carbide may not have the same surface response to irradiation, and certainly does not have the same 
thermomechanical properties as pure tungsten.  
 
6.2.2 Surface Morphology Post-Irradiation 
 Surface morphology was studied post-irradiation with SEM. All samples showed some level of 
surface structuring in localized regions.  
 In the W-0.5ZrC sample exposed to pure H plasma, surface morphology change is only observed 
in one region, but the changes are significant. A region ~500 um in size shows cracking, bubbling, and 
indications of localized melting and re-structuring.  
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Figure 6.12: Micrograph of W-0.5ZrC sample exposed to high flux H plasma indicating region of local 
melting. 
 
 Within this region, cracks, blisters, and bubbles are all observed, showing a rough, disjointed 
surface. The cracks are ~1-2 um across and many microns long.  
 
Figure 6.13: Micrographs of W-0.5ZrC sample exposed to high flux H plasma showing region of local 
melting. 
 
 There are also fine, nano-features present in this region that are <1 um in size. The presence of 
any widespread surface structuring is unexpected, as a pure H plasma at low energy, high fluence may 
cause blistering, but is not expected to cause large-scale cracking and bubbling. Additionally, the 
temperature of exposure was well below the melting temperature of tungsten, and IR data did not indicate 
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any localized hotspots on the sample surface during the irradiation. Under the high fluence H irradiation, 
surface nanostructure formation is not unexpected, but the large region of cracking is bubbling has not 
been seen to my knowledge.  
 The W-1.0ZrC sample that was exposed to sequential H/He plasmas also exhibited surface 
structuring post-irradiation. In localized regions on the sample surfaces, whisker-like morphology was 
observed. Similar to the low-fluence irradiations, most structuring was observed in cracks and gaps in the 
clean, polished surface.  
 
Figure 6.14: Micrograph of W-1.0ZrC sample exposed to H/He plasmas showing surface cracks. 
 
 Within these regions, the structuring consisted of thin (<40 nm in width) tendrils. These tendrils 
intermingled with one another in the cracks, but did not grow a significant amount vertically to protrude 
out onto the bulk surface. 
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Figure 6.15: Micrograph of W-1.0ZrC sample exposed to H/He plasmas showing tendrils. 
 
 Similar structures were observed on the W-1.0ZrC sample exposed to sequential He/H plasmas. 
A wider network of tendrils was observed on this sample, however the structuring again occurring 
primarily in cracks and gaps in the surface.  
 
Figure 6.16: Micrograph of W-1.0ZrC sample exposed to He/H plasmas showing localized structuring. 
 
 The tendrils had a similar size and structure to the sample exposed to H/He plasmas. The tendrils 
were ~20 nm wide and grew sideways across the gaps in the surface rather than upwards towards and out 
of the bulk surface.  
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Figure 6.17: Micrograph of W-1.0ZrC sample exposed to He->H plasmas showing tendrils. 
 
 
Figure 6.18: Micrograph of W-1.0ZrC sample exposed to He->H plasmas showing tendrils. 
 
 EDS analysis was conducted on the nanostructured regions of these samples to attempt to 
determine if the tendrils were tungsten or zirconium. This analysis was complicated by the fact that the 
features were only observed in cracks on the surface, thus obscuring the signal to the detector. 
Additionally, these features are small and thin, so the electron beam interaction volume will be larger than 
the structures. Therefore, the detector will collect information from the regions surrounding and beneath 
these nanostructures. Nonetheless, EDS analysis was performed.  
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 In the sample exposed to He->H plasma, a difference exists between the spectra collected on the 
bulk surface and those collected in the nanostructured regions.  
 
 
Figure 6.19: Micrograph and corresponding EDS spectra of nano-tendrils on W-1.0ZrC sample exposed 
to He->H ions. 
 
 The EDS spectra show that on the surface, a clear tungsten peak at 1.78 keV is the only 
significant peak. However, as the nanostructured regions are probed, the spectra change. At all points 
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probed within this region, a new peak emerges at 1.49 keV with a slight shoulder at high energies. Also, 
there is a clear increase the intensity of the oxygen peak, as well as a peak at 1.0 keV. The only common 
elements with EDS peaks at 1.0 keV are sodium and zinc. The only common element with EDS peaks at 
~1.5 keV is aluminum. No aluminum, sodium, or zinc were detected with XPS or other methods.  
Interestingly, the gap between the expected positions of the tungsten peak at 1.78 keV and the 
zirconium peak at 2.04 keV is 0.26 keV. In the nanostructured region, the new peak at 1.5 keV is shifted 
~0.27 keV to lower energies. The shifts may be due to shadowing effects caused by trying to probe 
material not on the sample surface. However, the position of the oxygen peak agrees with the expected 
value. While the EDS data is inconclusive, there is a difference in the chemistry of the nanostructures and 
the bulk surface which may be driving feature formation and warrants more investigation.  
Tendril formation in tungsten is typically associated with He irradiation, and that is reinforced in 
this work. No tendrils were observed in the H only irradiation, only when samples were exposed to He 
irradiation. In this study, irradiation with H either before and after He irradiation did not prevent or 
significantly alter the formation of tendril-like nanostructures. However, the post-irradiation observation 
of tendrils in the sample exposed to He->H ions is significant for nanostructure stability. It is assumed 
that the tendrils were formed during the He irradiation. Thus, these nanostructures were stable and not 
eroded or sputtered away during the H irradiation that followed. This is important as erosion and ejection 
of material in a fusion reactor can greatly influence plasma performance.  
As with the low fluence cases, the development of surface structures under low energy ion 
irradiation is not desirable. Even with the higher fluences studied in these irradiations, this fluence level 
represents an order of magnitude lower fluence than what tungsten will experience in the divertor region 
of a tokamak. This result shows that tungsten alloys do not inhibit nanostructure formation nor raise the 
fuzz-forming thresholds. In fact, these results indicate that cracks and pores in tungsten alloys and/or non-
fully dense tungsten samples may act as nanostructure formation sites at lower fluences and temperatures 
than bulk tungsten surfaces.  
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These results show that tungsten alloys with 1.0 wt.% ZrC developed tendril-like structures under 
low temperature exposure to 35 eV He ions at a 1.9x1023 m-2s-1 flux, to a ~1x1025m-2 fluence. According to 
prior work on the nanostructure-forming regimes of tungsten, this work does not fit in a category. The 
flux and fluence may have allowed nanostructure formation, but the temperature is the limiting factor in 
this work. Notably, the temperature of these irradiations is much lower than other temperatures studied.  
 
Figure 6.20: Roadmap of temperature and fluence thresholds for tungsten nanostructure formation [158].  
The black pentagons on the bottom left of the figure indicate the irradiation conditions explored in this 
work. 
 
According to El-Atwani, et al. He irradiations at ~50eV at a 1025 m-2 fluence would create 
nanostructuring only at temperatures near 1400 C. At higher fluences of 1026 m-2, ripples and holes are 
observed on the surface near 500 C [158]. However, in this study, the sample temperature was ~400 C 
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and the fluence was 1025 m-2, below the structure formation thresholds. In low fluence (1022 m-2) 
irradiations, but at 600 C, El-Atwani et al. observed surface structures (pores) on small grains, and 
detachment of small grains from larger grains, similar to the effect observed in this work with the 
nanostructuring being observed in surface cracks [159]. Those results and this work indicate that non-
fully-formed grains at the surface are more susceptible to nanostructuring, and the presence of dispersed 
zirconium particles do not inhibit formation of these features.  
 
6.2.3 Nanohardness Post-Irradiation 
 Post-irradiation hardness of samples was conducted after exposure to high flux plasmas to 
observe if the tungsten alloy samples resist irradiation-induced hardening. Figure 6.21 shows the 
nanoindentation hardness as a function of contact depth for all samples exposed in Magnum-PSI, as well 
as the reference data for un-exposed samples. The hardness values at each depth were calculated by 
averaging the hardness values of 18 indents, and the same indentation scheme was followed as described 
earlier. The filled-in data points show un-irradiated samples, while hollow data points refer to irradiated 
samples, with irradiation conditions indicated in the figure.  
The below data shows that all samples underwent irradiation-induced hardening after irradiation, 
most notably near the surface in the first ~50 nm. This mirrors the result by Armstrong et al. that showed 
deuterium irradiation leads to irradiation-induced hardening in tungsten when studied with 
nanoindentation. This hardening affect is attributed to deuterium implantation into the tungsten matrix 
[160].  
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Figure 6.21: Nano-hardness as a function of depth for high-flux irradiated samples. Unfilled data points 
show the hardness values post-irradiation. 
 
 Table 6.2 summarizes the average hardness over all contact depths for exposed samples as well as 
the percent change compared to non-exposed samples.  
Sample Post-Irradiation Hardness (GPa) % Change 
ITER-W Pure H 7.83 ± 3.00 -4.456 
W-0.5ZrC Pure H 9.15 ± 3.70 59.397 
ITER-W H->He 10.20 ± 2.09 24.495 
W-1.0ZrC H->He 10.66 ± 5.49 85.763 
ITER-W He->H 11.37 ± 3.42 38.852 
W-1.0ZrC He->H 7.29 ± 3.76 27.847 
 
Table 6.2: Post-irradiation hardness as measured by nanoindentation of samples exposed to high flux 
plasmas and percent change compared to unexposed samples. 
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 The above data shows that the W-0.5ZrC tungsten alloy underwent more irradiation-induced 
hardening than the pure tungsten sample exposed to pure H plasma. This result may indicate that tungsten 
alloyed with small weight percentages of ZrC is easily embrittled under irradiation, hindering its potential 
as a plasma facing component. For the W-1.0ZrC sample exposed to sequential H and He plasmas, both 
pure tungsten and the tungsten alloy are hardened comparable amounts. This result indicates that tungsten 
samples alloyed with 0.5 or 1.0 wt.% ZrC do not have increased resistance to irradiation-induced 
hardening.  
 
6.2.4 SIMS Depth Profiles Post-Irradiation 
 In order to study retention of H, SIMS was utilized to perform a depth profile of all samples 
exposed to high fluence plasmas. Figure 6.21 shows the depth profiles for the three tungsten alloy 
samples exposed, as well as a pure tungsten sample exposed to pure H plasma.  
 
Figure 6.22: SIMS depths profiles of samples exposed at Magnum-PSI. 
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 For an intra-sample comparison, the H profiles from each sample were normalized by dividing by 
the total number of collected ions from each sample. This fraction of H ions for each sample was then 
plotted together, shown below.  
 
Figure 6.23: Normalized hydrogen depth profiles for samples exposed to high flux plasmas with running 
average lines for easy comparison.  
 
 The colored lines give the moving average of the data points to give a simpler representation of 
the H depth profiles. The area underneath these curves was then determined, with the areas and percent 
increase relative to the ITER-W sample calculated and shown in Table 6.3.   
Sample Area % Increase  
ITER-W H Plasma 1.223 N/A 
W-0.5ZrC H Plasma 1.422 16.27 
W-1.0ZrC H->He Plasmas 1.444 18.07 
W-1.0ZrC He->H Plasmas 1.909 56.23 
 
Table 6.3: Calculated area under curves in Figure 6.23 and % increase over ITER-W sample. 
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The above plot shows that the amount of retained H in the tungsten alloy samples is greater than 
that of the pure tungsten sample, despite the fact that they were exposed to the same H fluence. The 
samples exposed to sequential H->He and He->H plasmas were alloyed with 1.0 wt.% ZrC and showed 
increased H retention compared to the W-0.5ZrC sample exposed to pure H plasma. This indicates that 
additional ZrC impacted the retention mechanisms and caused more H to be retained in the bulk.  
In the W-1.0ZrC sample exposed to He->H ions, the most retained H is observed by a significant 
margin. This may be due to He damage caused in the near-surface layers of the sample that can become H 
trapping sites. Increased deuterium retention in tungsten after exposure to low energy He ions (to a 
1.8x1025 m-2 fluence) at low temperatures (700 K) has been observed by Nishijima, et al., attributed to D 
trapping in He-induced defects in the tungsten [45]. The increase in H retention in the W-1.0ZrC sample 
irradiated with He->H ions indicates that the additional ZrC had an impact on the retention of H and that 
tungsten and tungsten alloys have similar retention characteristics when pre-irradiated with He ions at low 
temperature.  
The overall increase in H retention in the tungsten alloy samples is potentially due to the increase 
in trapping sites due to the smaller grain size and increased presence of second phase particles, and has 
been observed previously with tungsten alloys [42]. The increased retention may also be due to the 
formation of Zr-C-O-H chemical complexes that may form. The low fluence Formation of zirconium 
hydrides would cause increased retention and may alter the mechanical properties of the near-surface 
region during and after irradiation. Hydride formation may not have been observed with XPS because of 
the low concentration of Zr in the exposed samples. Therefore, it is imperative to test the W-10ZrC 
samples under similar conditions to determine if zirconium hydride formation is observed with XPS. 
However, the retention mechanisms and behavior of these alloys need to be studied more completely in a 
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6.3 Conclusions 
 Tungsten samples with varying weight percentages of added TaC, TiC, or ZrC were exposed to 
250 eV/amu, low fluence (1x1021 m-2) deuterium irradiations in the IGNIS facility at UIUC. Post-
irradiation XPS studies indicate surface chemistry changes, with significant rearrangement of the Ti/Zr-, 
C-, and O-, bonds. The incident deuterium ions may drive the surface composition to change from its 
starting state. Tantalum carbide additions appeared the most stable from a surface chemistry perspective 
after irradiation.  
Surface nanostructures were observed on the surface of the heavy-weight-percent samples after 
irradiation, however, these structures were found in cracks and gaps in the surface and were not 
widespread. However, the formation of any structuring at such a low fluence demonstrates that the 
tungsten alloys developed do not currently offer increased radiation tolerance over bulk tungsten.  
Tungsten samples alloyed with 0.5 and 1.0 wt.% ZrC were also exposed to high flux, high 
fluence, low energy H and He plasmas at the Magnum-PSI facility at DIFFER in the Netherlands. Surface 
chemistry changes were observed with regards to the nature of the carbon bonding showing a clear 
formation of W-C bonds. The formation of tungsten carbide under irradiation not desired as tungsten 
carbide has very different properties compared to pure tungsten.   
Nanostructures were again formed in cracks and gaps in the surface, however these features were 
more developed than in the low fluence case. Exposure to pure H plasma resulted in a localized region of 
cracking, bubbling, and structuring. After exposure to He plasmas, tendrils were observed within cracks, 
but not protruding to the surface. While the exact composition of these nanostructures could not be 
determined, this result shows that tungsten alloyed with 0.5 and 1.0 wt.% ZrC, still form these features. 
The appearance of these features at temperatures below typical fuzz-forming temperatures may indicate 
that tungsten alloys are more susceptible to nanostructure formation.  
Irradiation-induced hardening was studied via nanoindentation. At all nanoindentation depths for 
tungsten alloy samples, the hardness measured post-irradiation was greater than the hardness measured 
pre-irradiation. This effect was greatest at shallow contact depths, corresponding with the shallow 
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implantation depth of H in tungsten. The hardening effect was greater for tungsten alloy samples exposed 
to pure H plasma and H->He plasmas as compared to pure tungsten samples. When exposed to He->H 
plasmas, the difference between the irradiation-induced hardening for the W-1.0ZrC and pure tungsten 
samples was negligible.  
Depth profiles with SIMS were performed to study H retention in all samples. Retention was 
increased in tungsten alloy samples versus pure tungsten reference samples exposed to the same 
irradiation conditions. Sequential He->H irradiations resulted in increased H retention in W-1.0ZrC 
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CHAPTER 7: CONCLUSIONS AND FUTURE WORK 
 
7.1 Conclusions 
 The goal of this thesis was to examine alternative tungsten alloys for use in nuclear fusion 
environments. Tungsten has a high melting point, high sputtering threshold, and good thermal properties. 
However, tungsten undergoes surface nano-structuring under exposure to energetic fusion-relevant ions. 
Additionally, tungsten is an intrinsically brittle element that is further embrittled under irradiation and 
recrystallization. Modifying the microstructure of tungsten can alter its mechanical properties to increase 
its efficacy in a fusion environment. Through carbide-dispersion strengthening, the microstructure of 
tungsten can be changed to enhance ductility, high temperature strength, and perhaps radiation tolerance. 
In order to study the plasma-material related properties of these materials, a systematic study was 
conducted to investigate the microstructure, properties, and behavior under irradiation of three different 
types of carbide-dispersion-strengthened tungsten.  
 In order to study this, tungsten alloys were fabricated with varying amounts of titanium carbide, 
tantalum carbide, and zirconium carbide. Samples were fabricated at UIUC using spark plasma sintering, 
an activated sintering technique that rapidly consolidates powders into dense samples. In this technique, a 
strong electrical current (2400 A), uniaxial pressure (60 MPa), and high heating rates (100 C/min) 
compact and densify sub-micron powders to >90% relative density, although cracks and gaps between 
surface grains were observed. Tantalum carbide additions resulted in the lowest average relative density, 
while the samples alloyed with 5 and 10 wt.% ZrC and TiC had the highest relative densities.  
 The addition of ZrC, TiC, and TaC was examined first in terms of the effects on the tungsten 
microstructure. Additions from 1-10 wt.% resulted in decreasing grain size, changing from 11 um in a 
pure tungsten sample to 1.1 um in a W-10TiC sample. Transition metal-rich dispersoids were observed in 
all samples. In low weight percent alloys (1-2 wt.%), these dispersoids primarily occurred at grain 
boundaries and were about 1-2 um in size. As the added weight percent increased, these second phase 
regions became more numerous and came to be entire grains only slightly smaller than the tungsten 
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grains. These dispersoids were randomly distributed across the sample, occurring primarily at grain 
boundaries, but some small dispersoids were present within tungsten grains.  
 Although the starting powders were pure W, TiC, ZrC, and TaC, the consolidated samples did not 
maintain these pure phases. Compositional analysis via x-ray diffraction and x-ray photoelectron 
spectroscopy identified tungsten carbide, tungsten oxide, and transition metal oxide (titanium oxide, 
zirconium oxide, and tantalum oxide) phases. The presence and intensity of these phases was enhanced as 
more second phase was added. Little to no metallic titanium, zirconium, or tantalum was identified in 
spectroscopic techniques. These results indicate that the carbide powders broke down during sintering and 
reacted with the tungsten powder and oxygen impurities. This result shows one desired effect: the reactive 
transition metals were able to capture oxygen impurity atoms in the tungsten matrix, forming metal 
complexes that purify the tungsten grain boundaries and enhance the ductility of tungsten. However, the 
breakdown of the transition metal carbides left free carbon able to bond with tungsten. This resulted in the 
formation of tungsten carbide, which is a brittle material, and a detrimental phase to be formed in this 
application.  
  Vickers hardness and nanoindentation studies showed that the addition of 5 and 10 wt.% of 
carbides increased the hardness, with the largest affect occurring for TiC and TaC. This hardening can be 
attributed to: decrease in grain size, addition of an intrinsically hard second phase, formation of a hard 
tungsten carbide phase, and second phase solution strengthening introduced by the dispersoids. 
Recrystallization behavior of W-0.5ZrC and W-1.0ZrC samples annealed up to 1600 C indicated no drop 
in hardness, contrary to pure tungsten samples annealed to the same state. This may indicate that tungsten 
alloys are able to resist recrystallization to higher temperatures than pure tungsten, however studies at 
higher annealing temperatures are needed to confirm this behavior.  
 Tungsten alloys were exposed to low energy H, D, and/or He irradiation at both low and high 
fluxes/fluences. Low fluence irradiations with D2 ions showed minimal surface structuring, primarily in 
cracks on the surface. In-situ XPS analysis post-irradiation indicates alteration of the bonding between 
carbon, oxygen, and the transition metal, particularly in the samples alloyed with 10 wt.% TiC and ZrC. 
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An emergence of metallic peaks in the XPS spectra may indicate that metal oxide compounds formed 
during sintering are not stable under irradiation, and that the surface chemistry can be altered by ion 
bombardment. 
 Tungsten samples alloyed with 0.5 and 1.0 wt.% ZrC were exposed to high flux/fluence H, H-
>He, and He->H plasmas. In all exposures, surface structuring was observed. In samples exposed to He 
plasmas, fuzz-like tendrils were observed in cracks and divots on the surface. These features were 
unexpected as the irradiation conditions were well below the temperatures typically required for tendril 
formation on tungsten. Thus, tungsten alloys are not impervious to surface nanostructuring under 
irradiation, and their formation may even be enhanced in tungsten alloyed with 1.0 wt.% ZrC.  
 Post-mortem XPS analysis of the samples exposed to high flux irradiations offered few clues to 
the composition of the nanostructures, but showed a clear enhancement of tungsten carbide in the surface 
layers. This may indicate that tungsten carbide was formed on the surface during irradiation, and tungsten 
carbide has a lower threshold for nanostructure formation as compared to pure tungsten.  
 Nanoindentation of the exposed samples showed that all samples (pure tungsten and tungsten 
alloys) underwent radiation-induced hardening. While the hardness change was only slightly greater for 
tungsten alloys versus pure tungsten, this result shows that tungsten alloys undergo irradiation-induced 
hardening in a similar fashion to pure tungsten. Finally, SIMS depths profiles showed that H retention 
was greater in the W-0.5ZrC sample versus a pure tungsten sample exposed to pure H plasma, showing 
that the presence of ZrC dispersoids enhanced trapping of incident ions. Also, exposure to sequential He-
>H plasmas showed a significant increase in H retention, indicating the influence of prior He damage on 
the retention mechanisms in W-1.0ZrC alloys. 
 
7.2 Future Work 
7.2.1 Thermomechanical testing of tungsten alloys 
 The driving motivation behind this work is to proposition that dispersion-strengthened tungsten 
alloys can improve the ductility of tungsten by altering the microstructure and impurity distribution. 
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While PMI-related properties have been studied in this work, mechanical testing needs to be done to 
confirm the hypothesis that carbide strengthening improves tungsten’s ductility. To do so, three-point 
bending tests would be conducted at various temperatures on samples of varying compositions to 
determine if the added second phase enhances the room temperature ductility and/or lowers the ductile-
brittle transition temperature. Additionally, thermal conductivity tests will be performed to determine if 
the addition of the second phase has a significant detrimental effect on the thermal conductivity of 
tungsten.  
 In addition to the bulk mechanical testing described above, nano-mechanical properties will be 
investigated with in-situ SEM techniques to understand the compressive and fracture mechanics of 
tungsten alloys under loading.  
 
7.2.2 Fundamental Response of Alloys to Ion Bombardment 
 This work offered a first look at the surface chemistry and nanostructuring behavior of tungsten 
alloys under low energy ion bombardment. However, some fundamental questions regarding the behavior 
of these materials in controlled settings remain.  
 The sputtering behavior of these alloys is not understood, yet can be studied with in-situ 
irradiation with a high energy, inert ion and collection of sputtered particles with a quartz crystal 
microbalance dual crystal unit. Analysis of the frequency change of the microbalance crystal will allow 
for determination of the sputter rate and yield. Additionally, in-situ XPS of the crystal and tungsten 
sample in the IGNIS facility will elucidate behavior of the surface chemistry evolution to determine if 
preferential sputtering of tungsten or the alloying elements is occurring. 
 In a glow discharge plasma, the ion-induced secondary electron emission of the electrode affects 
the plasma sheath and overall behavior of the plasma. In a tokamak, the emission of electrons can change 
the local sheath behavior and thus affect the energy of incident ions and sputtering behavior of the first 
wall materials. The secondary electron emission coefficient is defined as the number of electrons ejected 
per bombarding ion. Determination of the secondary electron emission coefficient of tungsten alloys will 
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allow us to infer how these materials may affect the plasma sheath and if they are suitable for use as a 
plasma-facing material. 
7.2.3 Exposure to Reactor-Relevant Plasma Conditions 
 The nanostructuring and retention behavior of the alloys needs further study, and exposure to 
high fluence plasmas will allow for an understanding of how these materials will behave in a fusion 
environment. Exposing heavy weight percent samples to high temperature He irradiation may cause full-
fledged fuzz formation. However, the composition of the fuzz in tungsten alloys would offer insights into 
the driving mechanisms behind the surface structuring and composition changes seen in this work.  
 Additional studies on the retention of deuterium in tungsten alloys needs to be studied. The lack 
of surface blistering observed in this work suggests that deuterium retention may be altered. However, 
thermal desorption spectroscopy (TDS) on samples exposed to higher D fluences would allow for a more 
systematic look at D retention mechanisms and concentrations.  
 High flux, high fluence irradiations to D and He ions can occur in linear plasma devices to offer 
simulated fusion environments. The Magnum-PSI facility is capable of simulating ELMs with pulsed heat 
and particle fluxes. Exposing tungsten alloy samples to these combined transient and quiescent conditions 
will allow us to study the surface behavior under high heat fluxes to observe if these materials offer 
greater resistance to surface cracking and exfoliation. In addition, exposure of samples to real fusion 
plasmas in tokamaks will offer the ideal setting for studying the behavior of these alloys under fusion 
plasma irradiation. Samples may be exposed in the DIII-D and NSTX-U tokamaks using their materials 
analysis stations. Exposures at NSTX-U with Materials Analysis and Particle Probe (MAPP) will allow 
for an in-situ look at the surface chemistry evolution in between tokamak plasma shots [161]. Erosion and 
migration of tungsten alloys under fusion plasma conditions can be studied with the DiMES probe and 
associated diagnostics at the DIII-D tokamak [162,163]. Exposure of samples to the fusion plasma and 
tracking of the atomic emission lines of tungsten and the alloying elements via optical spectroscopy will 
allow for the erosion behavior of the tungsten alloys to be studied.  
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